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1.0  EXECUTIVE  SUMMARY 


Polymex-derived  SiC-based  fibers  with  fine-diameter  (—10-15  jim)  and  high  strength  (  —  3  GPa)  were 
prepared  with  carbon-rich  and  near-stoichiometric  compositions.  Fiber  tensile  strengths  were 
determined  after  heat  treatments  at  temperatures  up  to  1950°C  in  non-oxidizing  atmospheres  and  up 
to  1250°C  in  air.  The  creep  resistance  of  fibers  was  assessed  using  bend  stress  relaxation  (BSR) 
measurements.  Fibers  showed  excellent  strength  retention  after  heat  treatments  in  non-oxidizing 
atmospheres  at  temperatures  up  to  1700°C  for  the  carbon-rich  fibers  and  up  to  195Q°C  for  the  near- 
stoichiometric  fibers.  The  near-stoichiometric  fibers  also  showed  considerably  better  strength 
retention  after  heat  treatments  in  air.  Creep  resistance  of  the  as-fabricated  fibers  was  greatly 
improved  by  high-temperature  heat  treatments.  Heat-treated  near-stoichiometric  fibers  could  be 
prepared  with  —  3  GPa  tensile  strengths  and  BSR  creep  behavior  which  was  significantly  better  than 
that  reported  for  Hi-Nicalon™  Type  S  fibers.  It  was  also  shown  that  the  near-stoichiometric  fibers 
could  be  coated  with  hexagonal  BN  using  an  in-situ  processing  method. 

Modeling  and  simulation  studies  were  conducted  in  conjunction  with  the  experimental  fiber 
processing  and  characterization  efforts  in  order  to  develop  an  understanding  of  underlying  processes 
that  control  high  temperature  creep  and  grain  growth  in  SiC  fibers.  The  modeling  studies  have 
developed  a  creep  equation  for  2-dimensional  creep  due  to  intragranular  diffusion.  Simulations  were 
conducted  using  a  novel  method  of  Hybrid  Monte  Carlo  to  determine  the  relative  diffusion 
coefficients  of  Si  and  C  in  SiC  grains.  Preliminary  results  show  promise  in  determining  the 
differences  in  diffusion  coefficients  between  the  two  species. 


1 


2.0  INTRODUCTION 


There  has  been  considerable  interest  in  recent  years  in  producing  SiC-based  fibers  with  improved 
thermomechanical  properties.  Much  of  the  effort  in  this  area  has  been  directed  toward  fabrication 
of  fine-diameter,  high-strength,  polymer-derived  fibers  which  have  low  oxygen  content. [1-7]  The 
development  of  such  fibers  with  both  carbon-rich  and  near-stoichiometric  compositions  have  been 
reported  by  several  research  groups,  including  those  at  Nippon  Carbon  Co.  (Hi-Nicalon™  and  Hi- 
Nicalon™  Type  S  fibers)[l-3],  Dow  Coming  Co.  (Sylramic™  fibers)[4,5],  and  the  University  of 
Florida  (UF  and  UF-HM  fibers). [6, 7]  All  of  these  fibers  show  improved  thermochemical  stability 
and  thermomechanical  properties  compared  to  fibers  which  contain  large  amounts  of  oxygen,  such 
as  Nicalon™  and  Tyranno™  fibers.  The  latter  fibers  undergo  extensive  carbothermal  reduction 
reactions  at  elevated  temperatures  which  degrade  fiber  properties  as  a  result  of  the  formation  of 
porosity,  large  grains,  and  other  flaws.  In  contrast,  such  reactions  are  substantially  reduced  or 
avoided  in  the  low-oxygen-content  fibers.  However,  characterization  of  the  thermo-mechanical 
properties  of  these  fibers  is  still  relatively  limited  and  the  effects  of  microstructural  factors  on 
properties  is  not  clearly  understood.  Of  particular  importance  is  the  need  to  develop  an  improved 
understanding  of  the  factors  which  control  the  strength  retention  and  the  creep  behavior  under 
various  environmental  conditions  (e.g.,  oxidizing  and  non-oxidizing  atmospheres).  Creep  becomes 
an  important  deformation  mechanism  at  temperatures  which  are  substantially  lower  than  thermal 
decomposition  or  melting  temperatures.  Hence,  creep  may  determine  the  limiting  temperature  for 
which  SiC-fiber  based  CMC’s  can  be  used  in  structural  applications  requiring  long-term  stability  at 
elevated  temperature. 

The  present  research  program  combines  (i)  experimental  studies  to  produce  fibers  with  controlled 
structures  which  are  being  used  to  establish  microstructure-thermomechanical  property  relationships 
and  (ii)  computer  modeling  and  simulation  studies  to  understand  the  atomistic  mechanisms  underlying 
high  temperature  behavior  (such  as  creep  and  strength  retention)  in  order  to  both  analyze  the  results 
of  experiments  and  guide  the  development  of  new  structures  for  improved  properties. 
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3.0  RESULTS  AND  DISCUSSION 


3.1  Experimental  Studies 

The  experimental  results  are  summarized  below.  Additional  details  are  provided  in  two  papers  which 
are  attached  in  the  Appendix. 

SiC-based  fibers  were  fabricated  with  varying  microstructural  characteristics,  including  the  Si/C 
ratio,  grain  size,  and  dopant  type  and  concentration.  The  fiber  microstructure  were  characterized 
using  techniques  such  as  conventional  and  high  resolution  transmission  electron  microscopy 
(HRTEM),  X-ray  and  electron  diffraction,  and  bulk  and  microchemical  compositional  analyses.  In 
the  initial  work,  the  tensile  strength  and  creep  resistance  of  carbon-rich  UF  fibers  and  near- 
stoichiometric  UF-HM  fibers  were  evaluated  before  and  after  heat  treatments  at  temperatures  up  to 
1950°C.  The  creep  resistance  was  assessed  using  the  bend  stress  relaxation  (BSR)  method  of 
Morscher  and  DiCarlo.[8]  In  this  method,  stress  relaxation  values  (designated  as  "M"  values)  are 
determined  based  on  the  extent  of  permanent  deformation  that  occurs  when  fibers  are  heat  treated 
under  an  applied  bending  load.  Fibers  are  considered  more  thermally  stable  against  creep  as  the  M 
values  increase  from  0  to  1. 

SiC-based  fibers  with  carbon-rich  (UF  fibers)  composition  and  near-stoichiometric  composition  (UF- 
HM  fibers)  were  fabricated.  The  as-fabricated  UF  fibers  had  an  average  composition  (determined 
using  electron  microprobe  analysis,  EMA)  of  —  60.5  wt%  Si/ — 39.5  wt%  C.  Hence,  these  fibers 
were  highly  carbon-rich  relative  to  stoichiometric  SiC  (  —  70  wt%  Si/  —  30  wt%  C).  Oxygen  was 
present  in  the  fibers  as  an  impurity  picked  up  during  various  stages  of  processing. [6]  The 
concentrations  usually  did  not  exceed  1.5  wt%  and  were  more  typically  in  the  range  of  -  0.5-1. 0 
wt%.  The  phases  present  in  the  UF  fibers  were  /3-SiC  and  XRD-amorphous  carbon.  TEM  and 
XRD  line-broadening  measurements  indicated  that  the  /5-SiC  crystallite  sizes  in  the  as-fabricated 
fibers  were  less  than  5  nm.  The  fibers  had  an  average  tensile  strength  of  -3.2  GPa  and  diameters 
were  typically  - 10-15  fim.  Previous  fractography  studies  on  similar  fibers  indicated  that  the 
strength-controlling  flaw  sizes  were  mostly  in  the  range  of  —0.2-0. 3  jim.[9]  This  corresponds 
closely  to  the  smallest  pore  sizes  of  the  filters  (nominal  sizes  were  0. 1-0.2  /*m)  that  were  used  to 
prepare  the  spinning  solutions  for  fiber  fabrication.  Hence,  it  is  believed  that  the  tensile  strength  of 
the  UF  fibers  is  controlled  primarily  by  processing-related  particulates  (i.e.,  impurity  particles, 
polymer  "microgel"  particles,  etc.). 

The  near-stoichiometric  UF-HM  fibers  had  an  average  composition  (determined  using  EMA)  of 
-68.5  wt%  Si/- 31.5  wt%  C  which  indicates  that  the  fibers  usually  contained  a  small  amount  of 
excess  carbon.  X-ray  and  electron  diffraction  analyses  of  the  UF-HM  fibers  showed  that  0-SiC  was 
the  primary  phase  in  the  fibers,  although  traces  of  the  alpha  phase  were  observed  in  some  fibers. 
The  SiC  grain  sizes  in  the  as-fabricated  samples  were  generally  in  the  range  of  —0.05  -  0.3  jim, 
although  grains  as  large  as  — 0.5-1. 0  /im  were  occasionally  observed.  Residual  carbon  was  not 
detected  by  a  standard  XRD  powder  diffraction  method,  but  was  observed  by  TEM.  HRTEM 
analysis  showed  the  stacked  hexagonal  structural  units  with  interplanar  spacing  of  0.34  nm  that  are 
associated  with  graphitic  carbon.  EMA  analysis  for  oxygen  and  nitrogen  showed  that  concentrations 
were  less  than  the  resolution  limit  for  the  technique  (typically  ^0.2  wt%).  Boron  was  used  as  a 
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1  ing  aid  and  was  typically  present  in  the  as-fabricated  fiber  at  concentrations  of  —  1  wt%.  The 
ensile  strength  was  ~2.8  GPa  and  the  fibers  diameters  were  typically  in  the  range  of  ~  10-14 
he  tensile  strengths  of  the  as-fabricated  UF-HM  fibers  were  probably  controlled  primarily  by 
grains  at  the  fiber  surface.  (Fracture  was  generally  initiated  at  the  surface,  but  it  was  difficult 
ntify  the  specific  flaws  responsible  for  failure.) 

;ure  1  shows  room  temperature  tensile  strengths  for  UF  and  UF-HM  fibers  after  heat  treatments 
i  argon  for  1  h  at  temperatures  in  the  range  of  1400-1950°C.  The  near-stoichiometric  UF-HM 
fibers  retained  most  of  their  original  strength  through  heat  treatments  up  to  1800°C  and  then  the 
strength  gradually  decreased  with  heat  treatments  at  higher  temperatures  (up  to  1950°C).  The  UF 
fibers  showed  no  loss  in  strength  with  heat  treatments  up  to  1700°C  and  then  showed  sharper 
decreases  in  strength  (compared  to  the  UF-HM  fibers)  with  further  heat  treatments  up  to  1900°C. 
Despite  these  differences,  both  the  UF  fibers  and  the  UF-HM  fibers  show  greater  retention  of  their 
original  strengths-after  high  temperature  (e.g.,  >1600°C)  heat  treatments  in  argon  compared  to  the 
strength  retention  reported  for  carbon-rich  Hi-Nicalon™  fibers  and  near-stoichiometric  Hi-Nicalon™ 
Type  S  fibers,  respectively. [2, 10] 

As  noted  earlier,  it  is  believed  that  the  strength-controlling  flaws  for  the  as-prepared  UF-HM  fibers 
are  larger  grains  at  the  fiber  surfaces.  Therefore,  the  gradual  decrease  in  tensile  strength  in  the  UF- 
HM  fibers  after  heat  treatment  in  argon  at  higher  temperatures  is  attributed  to  grain  growth.  A  small 
increase  in  the  grain  sizes  was  confirmed  by  TEM  observations  on  a  1950°C  heat-treated  sample. [li] 

It  is  not  clear  why  the  UF  fibers  decreased  in  tensile  strength  at  lower  heat  treatment  temperature 
(and  decreased  more  sharply  with  increasing  temperature)  compared  to  the  UF-HM  fibers.  One 
possible  explanation  is  that  carbothermal  reduction  reactions  occurred  due  to  the  small  amount  of 
residual  oxygen  in  the  fibers,  thereby  creating  strength-degrading  flaws.  However,  supporting 
evidence  for  this  explanation  is  lacking.  Scanning  electron  microscope  (SEM)  observations  of  the 
fibers  (including  the  fracture  surfaces)  did  not  reveal  the  development  of  any  obvious  flaws,  such 
as  large  pores  or  grains,  which  would  account  for  the  rapid  decrease  in  strength  with  heat  treatments 
above  1700°C.  In  addition,  TEM  observations  showed  that  the  grain  sizes  remained  much  smaller 
than  those  observed  in  the  UF-HM  fibers.  Figure  2  shows  TEM  micrographs  for  a  UF  fiber  heat 
treated  for  1  h  at  1900°C  (in  argon)  and  a  UF-HM  fiber  heat  treated  for  0.2  h  at  1840°C  (in  argon), 
respectively.  Despite  heat  treatment  at  the  higher  temperature  and  longer  time,  the  UF  fibers  have 
a  considerably  smaller  average  grain  size  compared  to  the  UF-HM  fibers.  (The  relatively  slow  grain 
growth  in  the  UF  fibers  can  be  attributed  to  the  much  larger  amount  of  excess  carbon.  This  is 
expected  to  inhibit  the  Si  diffusional  transport  that  is  required  for  SiC  grain  coarsening.) 

Another  possible  explanation  for  the  more  rapid  decay  in  strength  of  the  UF  fibers  with  heat 
treatment  is  the  presence  of  residual  tensile  stresses  at  the  fiber  surface.  Such  stress  might  arise  due 
to  the  mismatch  in  thermal  expansion  coefficients  between  SiC  and  C.  These  stresses  could  become 
more  severe  as  the  SiC/C  structure  coarsens  during  heat  treatment  at  higher  temperatures.  (In 
addition  to  growth  of  the  /3-SiC  grains,  the  carbon  regions  grow  into  larger  and  more  highly  ordered 
domains  when  PCS-derived  carbon-rich  SiC  fibers  are  heat  treated  at  temperatures  above  the  original 
fabrication  temperature. [10,12]  The  growth  of  the  graphitic  carbon  regions  also  has  significance 
because  graphite  has  a  very  large  difference  in  the  thermal  expansion  coefficients  for  the  directions 
parallel  and  normal  to  the  hexagonal  basal  planes.) 
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HEAT  TREATMENT  TEMPERATURE 


Figure  1 
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Figure  2 
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The  excellent  strength  retention  of  the  UF  and  UF-HM  fibers  after  high  temperature  heat  treatments 
in  argon  (e.g.,  compared  to  fibers  such  as  Hi-Nicalon™  and  Hi-Nicalon™  Type  S)  offers  the 
possibility  for  improved  high-temperature  strength  retention  in  ceramic-matrix  composites  (CMC’s) 
that  are  fabricated  with  such  fibers.  In  addition,  it  is  possible  to  prepare  fibers  with  improved  creep 
resistance,  while  still  retaining  high  tensile  strength.  In  regard  to  improving  creep  performance,  it 
has  been  shown  that  Hi-Nicalon™  and  Hi-Nicalon™  Type  S  fibers  become  more  creep-resistant  after 
annealing  heat  treatments  above  the  original  processing  temperature. [3,13]  (This  may  be  attributed 
to  the  increased  SiC  grain  sizes,  as  well  as  the  more  highly  crystallized  graphitic  carbon  regions  in 
the  fibers.  Both  microstructural  changes  would  be  expected  to  inhibit  diffusion-controlled  creep 
processes.)  The  same  effect  (i.e.,  improved  creep  resistance  in  annealed  fibers)  was  observed  in  the 
present  study  for  the  UF  and  UF-HM  fibers.  Figure  3  shows  plots  of  the  bend  stress  relaxation 
ratios,  M,  as  a  function  of  the  heat  treatment  temperature  for  as-pyrolyzed  (1200°C)  UF  fibers  and 
for  UF  fibers  which  were  given  heat  treatments  for  1  h  (in  argon)  at  1700°C  and  1900°C.  As 
expected,  substantial  increases  in  M  values  were  obtained  for  the  heat-treated  UF  fibers.  The  1700°C 
heat-treated  UF  fibers  not  only  show  greatly  improved  creep  resistance  (based  on  the  BSR  test 
results),  but  also  retain  high  tensile  strength. 

Figure  3  also  includes  BSR  data  reported  [3,14-16]  for  Hi-Nicalon™  and  Hi-Nicalon™  Type  S  fibers. 
The  Hi-Nicalon™  fibers  have  higher  M  values  (for  a  given  BSR  test  temperature)  compared  to  the 
as-prepared  UF  fibers.  This  is  attributed  to  a  slightly  higher  initial  processing  temperature  for  the 
Hi-Nicalon™  fibers  which,  in  turn,  results  in  slightly  coarser  microstructures  (including  larger  SiC 
crystallite  sizes).  The  1700°C  heat-treated  UF  fibers  have  M  values  comparable  or  better  (for  a 
given  BSR  test  temperature)  than  both  Hi-Nicalon™  Type  S  fibers  (Fig.  3)  and  as-fabricated  UF-HM 
fibers  (Fig.  4).  This  occurs  despite  the  fact  that  the  grain  sizes  are  much  larger  for  the  latter  two 
near-stoichiometric  SiC  fibers.  This  observation  again  suggests  that  Si  diffusion  is  inhibited  in  SiC- 
based  fibers  with  larger  amounts  of  excess  carbon.  (This  manifests  itself  not  only  in  the  slower 
coarsening  of  SiC  grains,  but  also  in  the  improved  creep  resistance  of  the  fibers.) 

Figure  4  shows  that  the  creep  resistance  (as  assessed  by  the  BSR  method)  for  the  near-stoichiometric 
UF-HM  fibers  can  also  be  improved  by  annealing  heat  treatments.  In  fact,  the  annealed  UF-HM 
fibers  show  comparable  BSR  behavior  to  that  reported  [14-16]  for  much  weaker,  coarse-grained 
Carborundum  fibers.  (The  latter  fibers  were  prepared  by  sintering  of  SiC  powders. [17]  This  resulted 
in  fibers  with  considerably  larger  grain  sizes,  larger  diameters,  and  rougher  surfaces  compared  to 
typical  polymer-derived  SiC  fibers.  The  coarser  grain  sizes  result  in  fibers  with  excellent  creep 
resistance,  but  relatively  low  tensile  strength.)  Takeda  et  al.p]  have  also  reported  that  annealing  heat 
treatments  can  be  used  to  improve  the  creep  resistance  of  the  Hi-Nicalon™  Type  S  fibers  (as  assessed 
by  the  BSR  test).  However,  these  fibers  do  not  retain  tensile  strengths  as  high  as  the  UF-HM  fibers 
after  the  annealing  heat  treatments.  It  was  possible  to  produce  annealed  UF-HM  fibers  which  had 
a  1400°C  BSR  M  value  of  -0.9  and  a  1600°C  BSR  M  value  of  -0.45,  while  still  retaining  tensile 
strengths  of  —3  GPa  in  both  cases.  In  contrast,  1400°C  and  1600°C  BSR  M  values  of  only  —0.6 
and  —0.05,  respectively,  were  possible  in  Hi-Nicalon™  Type  S  fibers  which  retained  tensile 
strengths  of  -  3  GPa. 

The  improved  creep  resistance  of  the  UF-HM  fibers  after  the  annealing  treatment  is  attributed,  at 
least  in  part,  to  increased  grain  sizes.  It  is  also  possible  that  boron  removal  from  the  bulk  of  the 
fiber  (i.e.,  due  to  migration  to  the  fiber  surface)  decreases  SiC  self-diffusion  coefficients  and  thereby 
decreases  the  creep  rate. 
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olyzed  UF  fibers  and  UF  fibers  heat  treated  in  argon  at  1650°C  were  subsequently  given  heat 
nts  in  air  for  1  h  at  temperatures  in  the  range  of  500-1 150°C.  Figure  5  shows  the  room 
arure  tensile  strengths  for  these  fibers  after  the  air  heat  treatments.  The  decreases  in  strength 
■>i  .  dbuted  to  the  formation  of  porosity  (and  possibly  other  flaws)  resulting  from  the  oxidative 
.  stion  of  the  carbon  phase  in  the  fibers.  The  SiC/C  fiber  microstructure  coarsens  significantly 
the  1650°C  argon  annealing  heat  treatment  and  this  evidently  allows  oxygen  to  react  with  the 
v  on  phase  more  readily.  The  fiber  strength  begins  to  decrease  in  the  range  of  only  500-600°C, 
,.e.,'  at  similar  temperatures  for  which  significant  reaction  occurs  when  bulk  carbon  is  heat  treated 
to  air.  The  tensile  strengths  for  the  1650°C  fibers  level  off  after  the  900°C  air  heat  treatment  which 
apparently  correlates  with  the  removal  of  most  of  the  excess  carbon  from  the  fiber.  In  contrast  to 
these  results,  the  oxidative  removal  of  carbon  from  the  as-pyrolyzed  UF  fibers  occurs  at  considerably 
higher  temperatures.  Strength  decreases  are  not  observed  until  the  air  heat  treatment  temperature 
is  greater  than  -950°C.  This  is  attributed  to  the  development  of  thin  siliceous  surface  layers  during 
air  heat  treatment  which  would  inhibit  oxidative  removal  of  the  carbon  at  the  lower  temperatures. 

Figure  6  shows  the  room  temperature  tensile  strengths  for  as-sintered  UF-HM  fibers  after  they  were 
heat  treated  in  air  for  1  h  at  temperatures  in  the  range  of  400-1250°C.  The  fibers  show  excellent 
strength  retention  under  these  heat  treatment  conditions.  After  the  1250°C  heat  treatment  in  air,  it 
was  observed  that  the  individual  fibers  were  beginning  to  stick  together  (i.e.,  presumably  due  to 
viscous  flow  of  the  silica  surface  layers).  It  is  likely  that  surface  damage  was  introduced  when  these 
fibers  were  separated  for  the  tensile  tests. 

It  was  also  shown  that  the  near-stoichometric  UF-HM  fibers  could  be  prepared  with  BN  surface 
coatings  by  an  in-situ  process,  as  shown  schematically  illustrated  in  Fig.  7.  Fibers  were  initially 
with  boron  dopant  and  then  were  heat  treated  in  a  nitrogen-containing  atmosphere.  BN  forms  by 
reaction  of  boron  at  the  surface  with  nitrogen  in  the  atmosphere.  Typical  BN  coating  thicknesses 
were  -0. 1-0.2  /xm,  although  it  may  be  possible  to  increase  the  thickness  by  using  SiC  fibers  with 
higher  initial  boron  content.  Electron  diffraction  analysis  and  the  lattice  spacing  value  (0.346  nm) 
determined  by  HRTEM  showed  that  the  layer  was  hexagonal  BN.  HRTEM  also  showed  that  the 
coating  grows  such  that  the  hexagonal  BN  basal  planes  are  oriented  mostly  perpendicular  to  the  long 
axis  of  the  fibers.  The  fibers  prepared  with  the  BN  coatings  retained  high  strength  (  —  3  GPa)  and 
excellent  creep  resistance. 


10 


Initial  400  500  600  700  800  900  1000  11( 

HEAT  TREATMENT  TEMPERATURE  (°C) 


Figure  5 


o 

o 


Air  Heat  Treatment  (1  h) 


HEAT  TREATMENT  TEMPERATURE  (°C) 


Figure  6 


UF-HM  Fibers  (As-Prepared) 


BN  Coating 


IN-SITU  FIBER  COATING 


3.2 


Modeling  and  Simulation  Studies 


Introduction 

Modeling  and  simulation  studies  are  conducted  in  conjunction  with  fiber  processing  and 
characterization  efforts  in  order  to  develop  an  understanding  of  underlying  processes  that  control  high 
temperature  creep  and  grain  growth  in  SiC  fibers.  The  processes  of  interest  include  the  following 
topics: 

(1)  The  development  of  methodology  and  potential  functions  for  conducting  the  simulations  for 
structure  and  mass  transport  in  SiC 

(2)  Structure  issues: 

(a)  SiC  grain  structure  simulation 

(b)  Methodology  for  the  formation  of  grain  boundaries  and  intergranular  structures 

(c)  Treatment  of  impurities,  vacancies  and  other  structural  defects 

(3)  Mass  transport  issues: 

(a)  The  competition  between  trans-granular  lattice  diffusion  and  grain  boundary  diffusion  of  each 
major  component  of  the  composition 

(b)  The  effect  of  non-stoichiometric  distributions  of  components  separated  between  the  effect  of 
excess  or  vacancies  of  each  component 

(c)  The  effect  of  selected  dopants  used  in  the  experimental  studies  on  both  (a)  and  (b)  and 
calculations  of  the  mass  transport  properties  of  the  dopants 

(d)  Variations  of  mechanism  and  activation  energies  with  temperature 

(4)  Effect  of  simulated  mass  transport  results  on  creep  behavior 

(a)  Development  and  test  of  finite  element  approach 

(b)  Application  of  the  range  of  results  obtained  in  the  simulation  studies  to  the  finite  element 
model  and  comparison  with  experimental  results 

(5)  Examination  of  the  experimental  structures  and  high  temperature  creep  behavior  and  comparison 
to  the  results  of  modeling  studies 

(a)  Grain  and  grain-boundary  structure  comparisons 

(b)  Analysis  of  experimental  results  of  high  temperature  creep  behavior  and  development  of 
hypothesis  for  underlying  phenomena 

(c)  Comparison  with  modeling  results  and  test  of  experimental  hypothesis 

The  approach  followed  in  these  studies  consists  of  two  parts.  In  the  first  approach  (Finite  Element 
Approach),  it  is  realized  that  an  atomistic  simulation  is  necessary  to  model  grain  and  grain-boundary 
structures  and  evaluate  the  change  in  transport  properties  in  the  presence  of  defects  and  dopants. 
However,  the  experimental  work  does  not  directly  produce  diffusion  coefficients.  Consequently,  we 
plan  to  examine  changes  in  transport  behavior  associated  with  various  structures  that  reflect  measured 
experimental  structures.  Simulated  transport  coefficients  will  then  be  used  in  finite  element 
calculations  to  extract  grain  growth  and  creep  coefficients.  At  this  point  a  comparison  is  possible 
with  experimental  creep  data.  In  the  second  approach  (Comparative  Hypothesis  Approach), 
experimental  data  will  be  analyzed  to  develop  a  theoretical  hypothesis  of  the  underlying  atomistic 
processes,  then  this  hypothesis  will  be  tested  with  the  simulation  studies.  Here  only  general  trends 
are  needed  to  confirm  or  modify  the  experimentally  derived  hypothesis.  However,  agreement  of 
simulation  results  with  the  hypothesis  strengthens  understanding  of  the  behavior  of  the  material  and 
can  be  more  valuable  in  the  design  of  improved  processing  conditions  than  numerical  comparisons 
of  data.  The  research  conducted  is  designed  to  follow  both  approaches  in  parallel. 


14 


Our  modeling  studies  under  this  grant  have  undertaken  to  examine  simulation  methodologies  in  order 
to  determine  the  most  fruitful  approach  to  both  grain  structure  formation  and  mass  transport 
calculations.  It  is  well  recognized  that  simple  molecular  dynamics  (MD)  simulations  are  inadequate 
for  simulations  of  either  grain  boundary  structures  or  mass  transport.  In  the  former,  the  MD  method 
can  only  access  local  regions  of  configurational  space  centered  about  a  single  free  energy  minimum 
and  cannot  jump  to  other  configurational  regions  about  different  or  equivalent  energy  minima.  In  the 
latter,  the  simulations  are  usually  too  short  in  time  to  allow  particles  to  enter  a  true  diffusional 
regime,  and  the  simulations  are  mostly  dominated  by  the  particle  motions  around  their  equilibrium 
positions. 

While  many  methods  have  been  used  to  bring  together  separate  grains  to  form  grain  boundaries,  they 
usually  suffer  from  the  inability  of  the  MD  approach  to  move  the  grains  sufficiently  to  adjust  for  any 
starting  bias  in  the  structure.  Therefore,  the  initial  structure  essentially  determines  the  final  structure, 
as  only  minor  rearrangements  are  permitted  by  pure  MD  methods.  This  is  a  result  of  the  limited 
range  of  phase  space  that  can  be  sampled  by  MD  simulations.  Monte  Carlo  (MC)  methods  are  more 
suitable  for  finding  local  and  global  energy  minima.  We  have  examined  a  recently  developed  method 
that  combines  Monte  Carlo  selection  of  structures  with  MD  simulations  of  global  structural  changes. 
This  method.  Hybrid  Monte  Carlo  (HMC),  allows  a  rapid  scan  of  configurational  space,  while 
allowing  for  particle  dynamics  to  select  suitable  rearrangements  of  the  structure.  This  approach  has 
great  promise  in  the  development  of  complex  structures  such  as  grain  boundaries. 

The  simulation  of  diffusion  at  the  atomic  level  is  one  of  the  most  difficult  problems  in  materials 
modeling.  It  requires  accurate  accounting  of  thermal  vibrations  of  large  ensembles  of  particles  and 
it  requires  following  particle  motions  over  long  time  periods  to  reach  the  transport  regime.  MD 
simulations  can  accurately  describe  thermal  particle  motions,  however,  they  are  inadequate  in 
covering  the  sufficiently  long  time  periods  required  to  observe  true  transport,  especially  if  there  are 
several  species  involved  and  there  is  a  considerable  difference  in  transport  coefficient  between  the 
species. 


Results  Tq.  Date 

HMC  Simulations 

Hybrid  Monte  Carlo  simulations  [18]  are  being  developed  for  use  in  both  the  simulation  of  grain 
boundary  structures  and  in  calculations  of  diffusion  coefficients.  The  details  of  the  work  undertaken 
are  given  below: 

(a)  Force  function:  The  development  of  force  functions  is  a  long  process.  Prior  studies  by  Yip  et  al 
[19]  have  shown  that  the  Tersoff  potential  [20]  with  an  important  modification  introduced  by  Yip  and 
co-workers  does  an  excellent  job  of  representing  the  mechanical  properties  of  SiC.  Consequently, 
we  have  chosen  to  follow  that  work  and  use  the  Tersoff  potential  for  the  HMC  simulations. 

(b)  HMC  Simulation:  In  order  to  develop  an  adequate  algorithm  for  using  HMC  simulations,  we 
worked  with  a  perfect  SiC  crystal  heated  to  temperatures  between  1700  and  2700°C.  The  sample  size 
was  initially  64  particles,  then  increased  to  2064  particles.  Interatomic  forces  derived  from  the 
Tersoff  potential  were  used  and  the  Verlet  algorithm  was  used  in  the  MD  simulations. 

The  HMC  simulation  operates  by  conducting  a  selected  number  of  MD  time  steps  to  allow  a 
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|  ure  to  rearrange  according  to  Newton’s  Laws.  After  this  fixed  time,  a  MC  Metropolis 
I  rison  is  conducted  on  the  new  structure  and  the  state  is  either  accepted  or  rejected.  If  the  state 
:  1  -pied,  the  velocities  of  the  particles  are  selected  from  a  Maxwell  distribution  and  another  set 
-  |  _•  steps  are  taken  to  allow  the  structure  to  evolve  again.  If  the  state  is  rejected,  the  calculations 
;  i  to  the  previous  structure;  a  new  set  of  velocities  is  selected  from  a  Maxwell  distribution  and 
..  calculations  are  conducted  from  that  structure.  The  Metropolis  step  allows  increasing  the  MD 
ie  step  beyond  that  normally  used  (15  to  50  times)  and  it  is  this  ability  which  allows  for  longer 
simulations  in  the  same  computer  time  period  as  normal  MD  simulations.  By  scrambling  the 
velocities  at  each  MC  interval,  the  system  is  thrown  into  different  regions  of  phase  space  and 
samples  different  configurations.  The  result  is  that  HMC  undergoes  global  rearrangements,  samples 
a  broad  region  of  phase  space  and  covers  time  more  efficiently  than  MD  simulations.  The  Hybrid 
Monte-Carlo  approach  has  the  ability  to  maintain  ergodicity  in  a  system  with  harmohic  degrees  of 
freedom,  while  at  the  same  time  providing  atomic  trajectories.  In  most  comparisons,  HMC  reaches 
well  into  the  steady-state  diffusion  regime,  in  the  same  computer  run  time  that  simple  molecular 
dynamics  only  achieves  random  attempts  to  leave  the  starting  position. 

Our  current  studies  are  designed  to  develop  grain  boundary  structures  by  allowing  for  major 
rearrangements  of  the  orientation  of  adjacent  grains.  In  addition,  we  have  examined  particle  transport 
as  defined  by  the  HMC  approach.  Currently,  we  use  a  calculation  of  the  rejection  rate  at  the  MC 
interval  to  determine  the  length  of  the  time  steps.  We  have  found  that,  at  elevated  temperatures  (near 
2,000°C),  time  steps  between  15  and  20  times  longer  than  the  MD  time  step  are  acceptable,  thus  run 
durations  15-20  times  longer  may  be  reached  in  the  same  amount  of  computer  time.  The  HMC  runs 
are  conducted  to  determine  comparative  diffusion  coefficients  for  the  Si  and  C  atomic  species  within 
a  grain,  in  several  grain-boundary  structures,  and  in  the  presence  of  boron  and  nitrogen  impurities 
both  in  the  grain  and  grain  boundary. 

Molecular  dynamics  and  Hybrid  Monte-Carlo  programs  for  conducting  simulations  have  been 
developed  and  comparison  runs  have  been  performed  on  single  crystal  cubic  SiC  grains  at  several 
temperatures  using  both  methods.  The  initial  tests  were  reliability  runs  with  the  two  methods  to 
determine  long  time  and  high  temperature  stability  of  the  potentials  used.  (We  have  used  both  the 
Tersoff  potential  [20]  and  the  high  temperature  modification  developed  by  Yip  et  al.  [19])  The  results 
show  reasonable  stability  over  long  times.  The  results  show  a  striking  improvement  in  the  calculation 
of  diffusion  coefficient  by  the  use  of  HMC  over  the  MD  approach,  thus  confirming  our  expectations. 
We  are  now  conducting  simulations  of  diffusion  of  Si  and  C  atoms  in  the  /3-SiC  structure  with 
thermal  and  a  variety  of  non-thermal  vacancy  defect  concentrations  (high  Si  vacancy 
concentrations),  in  order  to  determine  their  effect  on  diffusion  coefficient  and  diffusion  activation 
energy. 

Sample  results  of  the  HMC  runs  are  given  in  Fig.  8  as  energy  vs  time,  showing  the  expected 
asymptotic  approach  to  a  constant  energy  and  in  Fig.  9  as  particle  displacements  at  1700°C.  In  this 
approach,  since  the  velocities  are  scrambled  at  each  MC  interval,  the  passage  of  time  is  not  realistic. 
Consequently,  the  calculated  diffusion  coefficients  are  not  numerically  meaningful,  however,  others 
have  shown  that  the  relative  comparison  of  the  diffusion  coefficients  from  different  species  have 
significance.  Our  studies  clearly  show  an  increased  diffusion  for  carbon  over  silicon  and  a  reasonable 
activation  energy  for  the  change  in  diffusion  for  the  two  species  as  a  function  of  temperature.  These 
results  are  preliminary  as  we  plan  to  use  larger  ensembles  and  longer  simulation  times.  However, 
they  show  that  the  approach  has  promise. 
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Finite  Element  Analysis 


Finite  Element  studies  are  using  structures  developed  to  mimic  experimental  micrographs  of  SiC 
fibers  obtained  from  our  own  research  efforts.  All  grains  have  been  designed  to  have  the  same  size. 
Size  variations  will  be  introduced  later  to  determine  if  they  have  any  effect  on  behavior.  The  finite 
element  studies  offer  great  flexibility  in  that  wide  variations  in  structures  or  diffusion  coefficients 
may  be  input  into  the  calculations  and  one  may  then  examine  the  results  of  the  speculation  about  the 
effects  of  these  broad  variations  on  the  grain  growth  and  creep  behavior  of  the  material.  From  these, 
we  can  determine  whether  the  observed  experimental  effects  can  be  explained  by  the  changes  in  input 
conditions,  and  whether  it  Is  possible  to  achieve  materials  variations  that  produce  the  desirable  input 
conditions. 

We  have  examined  finite-element  and  finite-difference  analyses  in  order  to  develop  a  method  for 
calculating  creep  behavior  for  a  polycrystalline  structure  in  which  the  grain  boundary  diffusion  is 
different  from  the  intragranular  diffusion.  So  far,  we  have  examined  the  Abacus  program  [21]  and 
found  it  suitable  for  the  simulations.  We  have  also  developed  both  cubic  and  hexagonal  grids  to 
simulate  grain  structures.  The  simulations  are  currently  using  intragranular  diffusion.  We  will  add 
grain  boundary  diffusion  processes  to  evaluate  the  differences.  The  simulations  follow  a  method 
pioneered  by  Berdichevsky  et  al.  [22]  The  method  balances  the  applied  stress  with  the  flow  of 
vacancies  (creep)  along  the  tensile  stress  direction.  We  currently  use  two-dimensional  simulations, 
since  these  will  capture  the  salient  characteristics  of  the  process,  then  we  plan  to  follow  up  by 
looking  for  differences  in  3-D  simulations. 

For  a  2-dimensional  stress  application,  if  D  is  the  rate-controlling  effective  diffusion  coefficient,  E 
is  Young’s  modulus,  the  width  of  the  sample  is  A  and  the  length  is  L,  the  time-dependent  strain  or 
creep  f(t)  may  be  written  as: 


s(t)  = 


8ct  1 

k2AE  „  (2/i  + 1)2 


41?  Jj 


Finite-Element  (FE)  simulations  are  under  way  to  relate  input  diffusion  coefficients  to  resultant  creep 
behavior  as  a  function  of  applied  stress  and  temperature  through  D.  Grain  structures  assumed  so  far 
have  been  hexagonal.  The  FE  simulations  will  use  atomic  diffusion  coefficients  obtained  from  the 
atomistic  simulations  with  structures  obtained  from  the  experimental  measurements  of  the  SiC  fibers 
to  produce  time-dependent  creep  simulations.  These  simulations  are  then  compared  with 
experimentally  determined  behavior  in  order  to  evaluate  the  accuracy  of  the  modeling  methods  and 
to  sort  out  the  mechanisms  underlying  the  creep  process  in  the  SiC  fibers. 

Conducting  FE  simulations  also  allows  us  to  change  input  parameters  over  a  wide  range  even  beyond 
the  values  obtained  from  the  simulations  in  order  to  determine  what  structural  properties  have  the 
most  influence  on  the  resultant  creep  behavior.  From  these  results,  we  expect  to  feed  back  to  the 
experimental  programs  guidelines  for  structural  changes  which  will  impact  improvements  in  the  high- 
temperature  mechanical  behavior  of  SiC  fibers.  (Throughout  the  report,  we  limit  our  work  to  SiC 
fibers  because,  we  expect  that  since  bulk  SiC  has  a  very  different  structure  (larger  grains),  its  creep 
behavior  will  be  drastically  different.) 
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Comparative  Hypothesis  Approach 


This  approach  consists  of  conducting  experimental  runs  with  controlled  variations  in  the  conditions 
in  order  to  produce  data  that  infer  certain  processes.  From  these  data,  we  develop  a  hypothesis  about 
the  behavior  of  the  experimental  system.  The  simulation  experiments  are  then  used  to  test  the  range 
of  reliability  of  the  single  hypothesis  or  the  competing  possible  hypotheses  that  explain  the  data. 
From  the  results  will  come  first  a  test  and  then  a  refining  of  the  hypothesis,  and  an  inference  about 
which  processing  controls  must  be  applied  or  changed  in  order  to  improve  the  characteristics  and 
behavior  of  the  SiC  fibers. 

For  example,  recent  experimental  results  obtained  in  our  labs  show  that  fibers  with  excess  carbon 
have  smaller  grains  and  exhibit  less  creep  than  stoichiometric  fibers.  Micrographs  show  that  the 
excess  carbon  forms  graphitic  or  amorphous  carbon  grains  in  the  SiC  structure,  consequently,  one 
may  assume  for  the  hypothesis  that  excess  carbon  is  present  in  the  grain  boundaries  as  well  as  within 
the  grains.  In  the  latter,  the  excess  carbon  causes  Si  vacancies  which  are  known  to  enhance  Si 
intragranular  diffusion  [23, 24],  From  the  former,  one  can  deduce  that  the  grain  boundary  diffusion 
of  Si  is  essentially  arrested  since  it  would  react  with  the  excess  carbon  present.  Since  grain  growth 
and  creep  are  fully  controlled  by  Si  diffusion  either  through  the  grains  or  the  grain  boundary,  the 
result  of  decreased  grain  growth  and  creep  therefore  is  a  consequnce  of  a  decrease  in  Si  diffusion 
at  the  grain  boundary. 

Measurements  by  Davis  et  al.  [23]  have  shown  that  the  intragranular  diffusion  coefficients  of  Si  and 
C  vary  such  that  Si  is  slower  than  C  at  temperatures  in  the  range  of  our  measurements  1700-2000°C. 
Grain  boundary  diffusion  data  is  less  available.  These  comparisons  will  be  examined  in  the  modeling 
effort. 

Up  to  now,  the  modeling  studies  have  ignored  the  very  evident  graphitic  phase  present  in  the  high- 
carbon  fibers.  Its  effect  can  be  divided  into  two  parts:  (1)  changes  in  the  atomic  diffusion  coefficients 
either  in  the  bulk  due  to  excess  Si  vacancies  or  in  the  grain  boundary  due  to  excess  carbon,  and  (2) 
diffusion  and  creep  effects  that  involve  the  graphitic  phase  itself.  The  case  of  excess  Si  vacancies  or 
excess  grain  boundary  carbon  due  to  high  carbon  content  is  being  examined  in  the  ongoing  work. 
Simulations  of  the  behavior  of  at  the  graphitic  phase  have  not  begun  due  to  a  lack  of  tested 
interatomic  potentials.  We  are  examining  several  candidate  potentials  at  this  time,  to  determine  which 
one  is  most  useful. 
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ABSTRACT 

Fine-diameter  (~  10-15  /tin),  polymer-derived,  SiC -based  fibers  with  carbon-rich 
and  near-stoichiometric  compositions  were  prepared  and  characterized.  Tensile  strengths 
and  creep  resistance  were  evaluated  for  as-fabricated  fibers  and  for  fibers  given  heat 
treatments  at  temperatures  up  to  1950°C.  The  creep  resistance  was  assessed  using  the 
bend  stress  relaxation  (BSR)  method  developed  by  Morscher  and  DiCarlo.  Fibers 
showed  excellent  strength  retention  after  heat  treatments  in  argon  (for  1  h)  at 
temperatures  up  to  1700°C  for  the  carbon-rich  ("UF")  fibers  and  up  to  1800°C  for  the 
near-stoichiometric  ("UF-HM")  fibers.  Creep  resistance  of  the  as-fabricated  fibers  was 
greatly  improved  by  high  temperature  annealing  treatments.  Heat-treated  UF  fibers 
could  be  prepared  with  -  3  GPa  tensile  strengths  and  BSR  creep  behavior  which  was 
similar  to  that  reported  for  Hi-Nicalon™  Type  S  fibers.  Heat-treated  UF-HM  fibers 
were  also  prepared  with  —3  GPa  tensile  strengths,  while  BSR  results  showed  that  the 
creep  resistance  was  significantly  better  than  that  reported  for  Hi-Nicalon™  Type  S 
fibers.  It  was  also  shown  that  the  UF-HM  fibers  could  be  coated  with  hexagonal  BN 
using  an  in-situ  processing  method. 


INTRODUCTION 

There  has  been  considerable  interest  in  recent  years  in  producing  SiC-based  fibers 
with  improved  thermomechanical  properties.  Much  of  the  effort  in  this  area  has  been 
directed  toward  fabrication  of  fine-diameter,  high-strength,  polymer-derived  fibers  which 
have  low  oxygen  content.[l-14]  The  development  of  such  fibers  with  both  carbon-rich 
and  near-stoichiometric  compositions  have  been  reported  by  several  research  groups, 
including  those  at  Nippon  Carbon  Co.  (Hi-Nicalon™  and  Hi-Nicalon™  Type  S  fibers)[l- 
6],  Dow  Coming  Co.  (Sylramic™  fibers)[7-!0],  and  the  University  of  Florida  (UF  and 


UF-HM  fibers). [11-14]  All  of  these  fibers  show  significantly  improved  thermomechanical 
properties  compared  to  fibers  which  contain  large  amounts  of  oxygen,  such  as  Nicalon™ 
and  Tyranno™  fibers. 

In  this  study,  the  tensile  strength  and  creep  resistance  of  carbon-rich  UF  fibers  and 
near-stoichiometric  UF-HM  fibers  were  evaluated  before  and  after  heat  treatments  at 
temperatures  up  to  1950°C.  The  creep  resistance  was  assessed  using  the  bend  stress 
relaxation  (BSR)  method  of  Morscher  and  DiCarlo.[l5] 

This  study  also  reports  the  development  of  boron  nitride  (BN)  coatings  on  the  UF- 
HM  SiC  fibers.  Well-crystallized  hexagonal  BN  layers  were  formed  by  an  in-situ 
processing  method. 


EXPERIMENTAL 

The  development  of  polymer-derived  UF  and  UF-HM  fibers  has  been  reported 
previously.[ll-l4]  Fibers  were  fabricated  using  a  high-molecular-weight  polycarbosilane 
(PCS)  polymer  as  the  primary  ceramic  precursor.  (The  infusible  PCS  polymers  were 
prepared  by  pressure  pyrolysis  of  polydimethylsilane.)  Fine-diameter  fibers  were 
formed  by  dry  spinning  of  concentrated  PCS-based  polymer  solutions.  The  polymeric 
fibers  were  decomposed  to  SiC-based  ceramics  by  pyrolysis  in  an  inert  atmosphere. 
Carbon-rich  fibers  (designated  "UF  fibers")  were  initially  processed  at  temperatures  in 
range  of  1000-1200°C,  while  the  near-stoichiometric  fibers  (designated  "UF-HM  fibers") 
were  fabricated  at  higher  temperatures  (^1750°C).  Boron  additions  were  used  in  the 
latter  fibers,  both  as  a  sintering  aid  and  as  the  boron  source  for  the  formation  of  BN 
coatings  by  in-situ  processing. 

Conventional  and  high  resolution  transmission  electron  microscopy  (TEM  and 
HRTEM)  were  used  to  characterize  the  fiber  microstructure.  The  phases  present  were 
determined  by  X-ray  diffraction  (XRD)  and  electron  diffraction.  Elemental  analyses  for 
Si,C,0,  and  N  were  carried  out  using  electron  microprobe  analysis  (EMA).  Oxygen 
concentrations  were  also  determined  by  neutron  activation  analysis,  NAA,  (Nicolet 
Electron  Services,  San  Diego,  CA).  NAA  was  also  used  to  determine  boron 
concentrations  (University  of  Missouri  Research  Reactor,  Columbia,  MO).  Fiber 
apparent  densities  were  determined  by  a  sink-float  method  (ASTM  procedure  D3800- 
79). [16] 

Single-filament  tensile  strengths  were  determined  at  room  temperature  according  to 
ASTM  procedure  D3379.[17]  The  fiber  gage  length  was  25  mm.  The  creep  behavior 
of  fibers  was  assessed  using  the  bend  stress  relaxation  (BSR)  method. [15]  In  this 
method,  stress  relaxation  values  (designated  as  "M"  values)  are  determined  based  on  the 
extent  of  permanent  deformation  that  occurs  when  fibers  are  heat  treated  under  an 
applied  bending  load.  An  M  value  which  approaches  1  indicates  that  no  permanent 
(creep)  deformation  occurred  during  the  high  temperature  annealing,  while  an  M  value 
of  0  indicates  that  the  stress  completely  relaxed.  Hence,  fibers  are  considered  more 
thermally  stable  against  creep  as  the  M  values  increase  from  0  to  1. 


RESULTS  AND  DISCUSSION 

High-Strength,  Creep-Resistant  UF  Fibers  and  UF-HM  Fibers 

Table  1  summarizes  the  characteristics  of  typical  as-fabricated  UF  fibers  (carbon- 
rich)  and  UF-HM  (near-stoichiometric)  fibers. 

The  as-pyrolyzed  UF  fibers  had  normalized  Si/C  weight  ratios  in  the  range  of  -59- 
62  wt%  Si/38-41  wt%  C,  with  an  average  ratio  (determined  from  8  samples)  of  -60.5 
wt%  Si/ -39.5  wt%  C.  Hence,  these  fibers  are  highly  carbon-rich  relative  to 
stoichiometric  SiC  (-70  wt%  Si/ -30  wife  C).  Oxygen  was  present  in  the  fiber  as  an 
impurity  picked  up  during  various  stages  of  processing. [12]  The  concentrations  usually 
did  not  exceed  1.5  wt%  and  were  more  typically  in  the  range  of  -  0.5-1. 0  wt%.  Some 
of  the  fibers  were  doped  with  small  amounts  of  boron.  The  phases  present  in  the  UF 
fibers  were  0-SiC  and  XRD-amorphous  carbon.  TEM  and  XRD  line-broadening 
measurements  indicated  that  the  /S-SiC  crystallite  sizes  were  less  than  5  nm.  Fiber 
apparent  densities  were  in  the  range  of  ~2.5-2.7  g/cm3.  The  relatively  low  densities 
are  consistent  with  the  large  amount  of  carbon  present  in  the  fibers  and  the  weakly 
crystalline  nature  of  the  SiC  grains.  (Well-crystallized,  high  purity  SiC  has  a  density 
of  -3.21  g/cm3.) 

Figure  1A  shows  a  histogram  plot  of  the  average  room  temperature  tensile  strengths 
obtained  for  43  separate  sets  of  UF  fibers.  (In  most  cases,  ^  15  fibers  were  tested  for 
each  set.)  The  mean  tensile  strength  was  3.23  GPa  (468  ksi).  The  mean  diameter  for 
these  test  sets  was  12.6  ^m.  Previous  fractography  studies  on  similar  fibers  indicated 
that  the  strength-controlling  flaw  sizes  were  mostly  in  the  range  of  —  0.2-0.3  ^m.[l8] 
This  corresponds  closely  to  the  smallest  pore  sizes  of  the  filters  (nominal  sizes  were  0.1- 
0.2  /im)  that  were  used  to  prepare  the  spinning  solutions  for  fiber  fabrication.  Hence, 
it  is  possible  that  the  tensile  strength  of  the  UF  fibers  is  controlled  primarily  by 
processing-related  particulates  (i.e.,  impurity  particles,  polymer  "microgel"  particles, 
etc.). 

The  near-stoichiometric  UF-HM  fibers  had  normalized  Si/C  weight  ratios  mostly  in 
the  range  of  -67-70  wt%  Si/30-33  wt%  C,  with  an  average  composition  (determined 
from  >25  samples)  of  —68.5  wt%  Si/  -3L5  wt%  C.  This  indicates  that  the  fibers 
usually  contained  a  small  amount  of  excess  carbon.  X-ray  and  electron  diffraction 
analyses  of  the  UF-HM  fibers  showed  that  /S-SiC  was  the  primary  phase  in  the  fibers, 
although  traces  of  the  alpha  phase  were  observed  in  some  fibers.  The  SiC  grain  sizes 
were  generally  in  the  range  of  —0.05  -  0.3  /xm,  although  grains  as  large  as  —0. 5-1.0 
/xm  were  occasionally  observed.  Residual  carbon  was  not  detected  by  a  standard  XRD 
powder  diffraction  method,  but  was  observed  by  TEM.  HRTEM  analysis  showed  the 
stacked  hexagonal  structural  units  with  interplanar  spacing  of  0.34  nm  that  are  associated 
with  graphitic  carbon.  EMA  analysis  for  oxygen  and  nitrogen  showed  that 
concentrations  were  less  than  the  resolution  limit  for  the  technique  (typically  ^0.2 
wt%).  The  boron  concentrations  were  usually  on  the  order  of  1  wt%,  although  fibers 
with  range  of  boron  concentrations  (i.e.,  —0.1  -  3.0  wt%)  were  also  prepared. 

The  apparent  densities  of  the  UF-HM  fibers  were  usually  in  the  range  of  3. 1-3.2 


TABLE  1.  TYPICAL  FIBER  CHARACTERISTICS 


UF  Fibers  (Carbon-Rich  Composition) 


Elemental  Analysis: 


Phases: 


Si/C  ratio:  -59-62  wt%  Si/~ 38-41  wt%  C 
Oxygen:  —  0.5-1.5wt% 

Boron:  —0-1  wt% 

weakly-crystalline /?-SiC,  XRD-amorphous  Carbon 


SiC  Grain  Size: 
Apparent  Density: 
Diameter: 

Tensile  Strength: 


<5  nm 

-2. 5-2. 7  g/cm3 
—  10-15  fjm 

-400-500  ksi  (~2.8-3.5  GPa) 


UF-HM  Fibers  (Near-Stoichiometric  Composition) 


Elemental  Analysis: 


Phases: 

SiC  Grain  Size: 
Apparent  Density: 


Si/C  ratio:  -67-70  wt%  Si/  -30-33  wt%  C 

Boron:  —0.1  -  3.0  wt% 

Oxygen:  <0.2  wt% 

Nitrogen:  ^0.2  wt% 

well-crystallized  fJ-S\C 

trace  amounts  of  graphitic  Carbon,  a-SiC 

mostly  —  0.05-0. 3  /#m 

-3. 1-3. 2  g/cm3 


Diameter: 


10-15  //m 


Tensile  Strength:  —300-500  ksi  (  —  2.1 -3. 5  GPa) 


g/cm\  with  an  average  value  of  —3.15  g/cm3.  The  latter  value  is  98%  of  the 
theoretical  value  of  3.21  g/cm3  for  fully  dense  (pore-free),  stoichiometric  SiC.  The 
density  is  lower  than  the  theoretical  value,  at  least  in  part,  because  of  the  small  amount 
of  residual  carbon.  In  addition,  small  amounts  of  fine  pores  (usually  less  than  0.1  /xm) 
were  occasionally  observed  (by  TEM)  at  grain  junctions. 

Figure  IB  shows  a  histogram  plot  of  the  average  room  temperature  tensile  strengths 
obtained  for  150  separate  sets  of  as-sintered  UF-HM  fibers.  (In  most  cases,  ^  15  fibers 
were  tested  for  each  set.)  The  mean  tensile  strength  was  2.85  GPa  (413  ksi).  The  mean 


Fig.  1.  Histogram  plots  of  frequency  vs.  tensile  strength  for  (A)  UF  fibers  and 
(B)  UF-HM  fibers. 
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HEAT  TREATMENT  TEMPERATURE  (°C) 

Fig.  2.  Plots  of  average  tensile  strength  vs.  heat  treatment  temperature  for  UF  fibers 
and  UF-HM  fibers. 


diameter  for  these  test  sets  was  12. 1  /zm.  The  tensile  strengths  of  the  UF-HM  fibers  are 
probably  controlled  primarily  by  larger  grains  at  the  fiber  surface.  (Fracture  was 
generally  initiated  at  the  surface,  but  it  was  difficult  to  identify  the  specific  flaws 
responsible  for  failure.) 

Figure  2  shows  room  temperature  tensile  strengths  for  UF  and  UF-HM  fibers  after 
heat  treatments  in  argon  for  1  h  at  temperatures  in  the  range  of  1400-1950°C.  The  UF- 
HM  fibers  retained  most  of  their  original  strength  through  heat  treatments  up  to  1800°C 
and  then  the  strength  gradually  decreased  with  heat  treatments  at  higher  temperatures 
(up  to  1950°C).  The  UF  fibers  showed  no  loss  in  strength  with  heat  treatments  up  to 
1700°C  and  then  showed  sharper  decreases  in  strength  (compared  to  the  UF-HM  fibers) 
with  further  heat  treatments  up  to  1900°C.  Despite  these  differences,  both  the  UF  fibers 
and  the  UF-HM  fibers  show  greater  retention  of  their  original  strengths  after  high 
temperature  (e.g.,  ^  1600°C)  heat  treatments  in  argon  compared  to  the  strength  retention 
reported  for  carbon-rich  Hi-Nicalon™  fibers  and  near-stoichiometric  Hi-Nicalon™  Type 
S  fibers,  respectively. [4, 5,19] 

As  noted  earlier,  it  is  believed  that  the  strength-controlling  flaws  for  the  as-prepared 
UF-HM  fibers  are  larger  grains  at  the  fiber  surfaces.  Therefore,  the  gradual  decrease 
in  tensile  strength  in  the  UF-HM  fibers  after  heat  treatment  in  argon  at  higher 
temperatures  is  attributed  to  grain  growth.  A  small  increase  in  the  grain  sizes  was 
confirmed  by  TEM  observations  on  a  1950°C  heat-treated  sample.[20] 

It  is  not  clear  why  the  UF  fibers  decrease  in  tensile  strength  at  lower  heat  treatment 
temperature  (and  decrease  more  sharply  with  increasing  temperature)  compared  to  the 
UF-HM  fibers.  For  Hi-Nicalon™  fibers,  it  has  been  suggested  that  the  strength 
decreases  upon  heat  treatment  in  inert  atmospheres  because  of  a  combination  of 
coarsening  of  SiC  grains  and  flaw  formation  resulting  from  thermochemical  degradation 
reactions. [19]  (The  presence  of  small  amounts  of  residual  oxygen  in  the  Hi-Nicalon™ 
fibers  is  expected  to  result  in  the  same  type  of  carbothermal  reduction  reductions  that 
occur  in  conventional  Nicalon™  fibers. [21-24]  Such  reactions  result  in  weight  losses, 
formation  of  porosity,  and  coarsening  of  SiC  grains.[21-24]  However,  in  the  case  of  Hi- 
Nicalon™  fibers,  these  effects  are  much  less  extensive  due  to  the  much  lower  oxygen 
content.)  Although  these  strength-degradation  mechanisms  are  not  implausible,  they  do 
not  appear  to  the  likely  cause  of  the  strength  decay  that  is  observed  in  Fig.  2  for  the  UF 
fibers.  This  is  suggested  for  the  following  reasons: 

(1)  UF  fibers  undergo  SiC  grain  coarsening  during  heat  treatment  which  is  similar  to 
that  observed  in  Hi-Nicalon[24];  however,  the  grains  remain  smaller  than  the  grains 
observed  in  the  UF-HM  fibers.  Figures  3A  and  3B  show  TEM  micrographs  for 
a  UF  fiber  heat  treated  for  1  h  at  1900°C  (in  argon)  and  a  UF-HM  fiber  heat 
treated  for  0.2  h  at  1840°C  (in  argon),  respectively.  Despite  heat  treatment  at  the 
higher  temperature  and  longer  time,  the  UF  fibers  have  a  considerably  smaller 
average  grain  size  compared  to  the  UF-HM  fibers.  (The  relatively  slow  grain 
growth  in  the  UF  fibers  can  be  attributed  to  the  much  larger  amount  of  excess 
carbon.  This  is  expected  to  inhibit  the  Si  diffusional  transport  that  is  required  for 
SiC  grain  coarsening.) 

(2)  The  carbothermal  degradation  reactions  arising  from  the  small  amounts  of  residual 
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Fig.  3.  TEM  micrographs  for  (A)  a  UF  Fiber  heat  treated  for  1  h  at  1900°C  and  (B)  t 
UF-HM  fiber  heat  treated  for  0.2  h  at  1840"C. 
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Fig.  4.  Plots  of  stress  relaxation  ratio.  M.  vs.  heat  treatment  temperature  for  as- 
prepared  UF  fibers  (1200"C).  heat-treated  UF  fibers  (1700  and  1900"C),  Hi- 
Nicalon  fibers,  and  Hi-Nicalon  Type  S  fibers. 


oxygen  are  expected  to  begin  at  temperatures  below  1700°C. [21-24]  If  these 
.  reactions  caused  significant  flaw  formation  in  the  UF  fibers,  then  the  strength 
decreases  would  be  expected  to  begin  at  lower  heat  treatment  temperatures. 
Furthermore,  scanning  electron  microscope  (SEM)  observations  of  the  fibers 
(including  the  fracture  surfaces)  did  not  reveal  the  development  of  any  obvious 
flaws  which  could  account  for  the  sharp  decreases  in  strength  with  heat  treatments 
above  1700°C. 

A  possible  explanation  for  the  more  rapid  decay  in  strength  of  the  UF  fibers  with  heat 
treatment  is  the  presence  of  residual  tersile  stresses  at  the  fiber  surface.  Such  stress 
might  arise  due  to  the  mismatch  in  thermal  expansion  coefficients  between  SiC  and  C. 
These  stresses  could  become  more  severe  as  the  SiC/C  structure  coarsens  during  heat 
treatment  at  higher  temperatures.  (In  addition  to  growth  of  the  /S-SiC  grains,  the  carbon 
regions  grow  into  larger  and  more  highly  ordered  domains  when  PCS-derived  carbon- 
rich  SiC  fibers  are  heat  treated  at  temperatures  above  the  original  fabrication 
temperature. [19,25]  The  growth  of  the  graphitic  carbon  regions  also  has  significance 
because  graphite  has  a  very  large  difference  in  the  thermal  expansion  coefficients  for  the 
directions  parallel  and  normal  to  the  hexagonal  basal  planes.) 

The  excellent  strength  retention  of  the  UF  and  UF-HM  fibers  after  high  temperature 
heat  treatments  (e.g.,  compared  to  fibers  such  as  Hi-Nicalon™  and  Hi-Nicalon™  Type 
S)  offers  the  possibility  for  improved  high-temperature  strength  retention  in  ceramic- 
matrix  composites  (CMC’s)  that  are  fabricated  with  such  fibers.  Furthermore,  two  other 
advantages  can  be  realized.  First,  higher  temperatures  can  be  used  during  the 
processing  of  CMC’s  (e.g.,  to  produce  matrices  with  higher  relative  density)  without 
degradation  of  the  properties  of  the  fibers.  Second,  it  is  possible  to  prepare  fibers  with 
improved  creep  resistance,  while  still  retaining  high  tensile  strength.  In  regard  to  the 
latter  consideration,  it  has  been  shown  that  Hi-Nicalon™  and  Hi-Nicalon™  Type  S 
fibers  become  more  creep-resistant  after  annealing  heat  treatments  above  the  original 
processing  temperature. [6,26]  (This  may  be  attributed  to  the  increased  grain  sizes  and/or 
the  more  highly  crystallized  graphitic  carbon.  Both  microstructural  changes  are 
expected  to  inhibit  diffusion-controlled  creep  processes.)  The  same  effect  (i.e., 
improved  creep  resistance  in  annealed  fibtrs)  was  observed  in  the  present  study  for  the 
UF  and  UF-HM  fibers.  Figure  4  shows  plots  of  the  bend  stress  relaxation  ratios,  M, 
as  a  function  of  the  heat  treatment  temperature  for  as-pyrolyzed  (1200°C)  UF  fibers  and 
for  UF  fibers  which  were  given  heat  treatments  for  1  h  (in  argon)  at  1700°C  and 
1900°C.  As  expected,  substantial  increases  in  M  values  were  obtained  for  the  heat- 
treated  UF  fibers.  The  1700°C  heat-treated  UF  fibers  not  only  shows  greatly  improved 
creep  resistance  (based  on  the  BSR  test  results),  but  also  retains  high  tensile  strength. 

Figure  4  also  includes  BSR  data  reported  [6,27-29]  for  Hi-Nicalon™  and  Hi- 
Nicalon™  Type  S  fibers.  The  Hi-Nicalon™  fibers  have  higher  M  values  (for  a  given 
BSR  test  temperature)  compared  to  the  as-prepared  UF  fibers.  This  is  attributed  to  a 
slightly  higher  initial  processing  temperature  for  the  Hi-Nicalon™  fibers  which,  in  turn, 
results  in  slightly  coarser  microstructures  (including  larger  SiC  crystallite  sizes).  The 
1700°C  heat-treated  UF  fibers  have  M  values  comparable  or  better  (for  a  given  BSR  test 
temperature)  than  the  Hi-Nicalon™  Type  S  fibers.  This  occurs  despite  the  fact  that  the 


grain  sizes  are  larger  for  the  latter  fibers. [6]  This  observation  again  suggests  that 
diffusion  is  inhibited  in  SiC-based  fibers  with  larger  amounts  of  excess  carbon.  (This 
manifests  itself  not  only  in  the  slower  coarsening  of  SiC  grains,  but  also  in  the  improved 
creep  resistance  of  the  fibers.) 

Figure  5  shows  that  the  creep  resistance  (as  assessed  by  the  BSR  method)  for  the 
near-stoichiometric  UF-HM  fibers  can  also  be  improved  by  annealing  heat  treatments. 
In  fact,  the  annealed  UF-HM  fibers  show  comparable  BSR  behavior  to  that  reported  [27- 
29]  for  much  weaker,  coarse-grained  Carborundum  fibers.  (The  latter  fibers  were 
prepared  by  sintering  of  SiC  powders.pO]  This  resulted  in  fib*.*  with  considerably 
larger  grain  sizes,  larger  diameters,  and  rougher  surfaces  compared  to  typical  polymer- 
derived  SiC  fibers.  The  coarser  grain  sizes  result  in  fibers  with  excellent  creep 
resistance,  but  relatively  low  tensile  strength.) 

Takeda  et  al.[6]  have  reported  that  annealing  heat  treatments  can  be  used  to  improve 
the  creep  resistance  of  the  Hi-Nicalon™  Type  S  fibers  (as  assessed  by  the  BSR  test). 
However,  these  fibers  do  not  retain  tensile  strengths  as  high  as  the  UF-HM  fibers  after 
the  annealing  heat  treatments.  This  is  illustrated  in  Fig.  6  which  shows  plots  of  tensile 
strengths  vs.  M  values  for  Hi-Nicalon™  Type  S  and  UF-HM  fibers  which  were 
subjected  to  various  annealing  heat  treatments  prior  to  BSR  tests  at  1400°C  (for  1  h 
argon).  It  was  possible  to  produce  UF-HM  fibers  which  had  HCXTC  BSR  M  values 
of  ~  0.9,  while  still  retaining  tensile  strengths  of  —  3  GPa.  In  contrast,  1400°C  BSR 
M  values  of  only  ~0.6  were  possible  in  Hi-Nicalon™  Type  S  fibers  which  retained 
tensile  strengths  of  ~3  GPa. 


BN-Coated  UF-HM  fibers 

UF-HM  fibers  with  BN  surface  coatings  were  prepared  by  an  in-situ  process  which 
is  schematically  illustrated  in  Fig.  7  (top).  Boron-doped  fibers  were  heat  treated  in  a 
nitrogen-containing  atmosphere.  BN  forms  by  reaction  of  boron  at  the  surface  with 
nitrogen  in  the  atmosphere.  After  the  initial  reaction  at  the  original  SiC  fiber  surface, 
it  is  presumed  that  the  increases  in  thickness  of  the  coating  occur  by  diffusion  of  boron 
from  the  interior  of  the  fiber  to  the  reaction  layer,  followed  by  chemical  interdiffusion 
of  boron  and  nitrogen  through  the  growing  BN  layer. 

Figure  7  (bottom  left)  shows  a  TEM  micrograph  of  the  BN  coatings  formed  on  the 
UF-HM  fibers.  Typical  coating  thicknesses  were  -0. 1-0.2  /an,  although  it  may  be 
possible  to  increase  the  thickness  by  using  SiC  fibers  with  higher  initial  boron  content. 
Figure  7  (bottom  right)  shows  an  HRTEM  micrograph  of  the  BN  layer.  Electron 
diffraction  analysis  and  lattice  spacing  measurements  showed  that  the  coating  layer  is 
hexagonal  BN.  The  HRTEM  micrograph  also  shows  that  the  coating  grows  such  that 
the  hexagonal  BN  basal  planes  are  oriented  mostly  perpendicular  to  the  long  axis  of  the 
UF-HM  fibers. 

UF-HM  fibers  prepared  with  the  BN  coatings  retained  high  strength  (—3  GPa)  and 
excellent  creep  resistance.  The  effectiveness  of  the  BN  coatings  for  developing  weak 
fiber/matrix  interfaces  in  CMC’s  has  not  yet  been  evaluated. 


STRESS  RELAXATION  RATIO, 


1100  1200  1300  1400  1500  1600  1700  1800  1900 

TEMPERATURE  (°C) 

Fig.  5.  Plots  of  stress  relaxation  ratio,  M,  vs.  heat  treatment  temperature  for  as- 
prepared  UF-HM  fibers,  heat-treated  UF-HM  fibers,  and  Carborundum  fibers. 
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Fig.  6.  Plots  of  tensile  strength  vs.  stress  relaxation  ratio,  M,  for  UF-HM  fibers  and 
Hi-Nicalon  Type  S  fibers  which  were  given  varying  annealing  treatments  in 
order  to  alter  the  M  values.  The  BSR  test  temperature  was  1400°C. 


IN-SiTU  PROCESSING  OF  BN  COATINGS 
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Fig.  7.  Top:  Schematic  illustration  of  the  formation  of  a  BN  coating  on  a  SiC  fiber  by 
in-situ  processing.  Bottom  left:  TEM  micrograph  showing  BN  coatings  and 
SiC  fiber  grains.  Bottom  right:  HRTEM  micrograph  showing  the  BN 
coating/SiC  fiber  interface  and  the  lattice  planes  of  the  BN  coating.  The  BN 
basal  planes  grow  with  an  orientation  that  is  mostly  perpendicular  to  the  long 
axis  of  the  SiC  fiber. 
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Abstract 

Polymer-derived  SiC-based  fibers  with  fine-diameter  (~  10-15  ^m)  and  high  strength  (  —  3  GPa) 
were  prepared  with  carbon-rich  and  near-stoichiometric  compositions.  Fiber  tensile  strengths 
were  determined  after  heat  treatments  at  temperatures  up  to  1950°C  in  non-oxidizing  atmospheres 
and  up  to  1250°C  in  air.  The  creep  resistance  of  fibers  was  assessed  using  bend  stress  relaxation 
(BSR)  measurements.  Fibers  showed  excellent  strength  retention  after  heat  treatments  in  non¬ 
oxidizing  atmospheres  at  temperatures  up  to  1700°C  for  the  carbon-rich  fibers  and  up  to  1950°C 
for  the  near-stoichiometric  fibers.  The  near-stoichiometric  fibers  also  showed  considerably 
better  strength  retention  after  heat  treatments  in  air.  Creep  resistance  of  the  as-fabricated  fibers 
was  greatly  improved  by  high-temperature  heat  treatments.  Heat-treated  near-stoichiometric 
fibers  could  be  prepared  with  —  3  GPa  tensile  strengths  and  BSR  creep  behavior  which  was 
significantly  better  than  that  reported  for  Hi-Nicalon™  Type  S  fibers. 


l 


INTRODUCTION 


Yajima  et  al.  were  the  first  to  demonstrate  that  organosilicon  polymers  could  be  used  to 
fabricate  fine-diameter  SiC-based  fibers  with  high  tensile  strength. [1,2]  Nicalon™  and  Tyranno™ 
fibers  were  the  first  generation  of  commercially-available  polymer-derived  fibers  which  were 
based  on  the  methods  of  Yajima  et  al.  However,  these  fibers  are  not  pure  stoichiometric  SiC 
and  they  contain  relatively  high  concentrations  of  excess  carbon  and  oxygen.  (In  addition, 
Tyranno™  fibers  are  actually  Si-Ti-C-0  fibers.)  As  a  consequence,  these  fibers  degrade 
extensively  at  high  temperatures  due  to  carbothermal  reduction  reactions  between  the  carbon  and 
siliceous  materials.  [3-6]  To  minimize  this  problem,  there  has  been  considerable  effort  in  recent 
years  to  prepare  organosilicon  polymer-derived  fibers  with  low  oxygen  content.  [7-20]  Fibers  with 
both  carbon-rich  and  near-stoichiometric  compositions  have  been  reported  by  various 
researchers,  including  those  at  Nippon  Carbon  Co.  (Hi-Nicalon™  and  Hi-Nicalon™  Type  S 
fibers)[7-i2],  Dow  Coming  Co.  (Sylramic™  fibers)[i3-!6],  and  the  University  of  Florida  (UF  and 
UF-HM  fibers). [17-20]  These  fibers  show  significantly  improved  thermomechanical  properties 
compared  to  fibers  containing  large  amounts  of  oxygen,  such  as  Nicalon™  and  Tyranno™  fibers. 

In  this  study,  the  tensile  strength  of  both  carbon-rich  fibers  and  near-stoichiometric  fibers 
were  determined  before  and  after  heat  treatments  in  oxidizing  and  non-oxidizing  atmospheres. 
The  creep  resistance  of  these  fibers  was  assessed  under  inert-atmosphere  heat-treatment 
conditions  using  the  bend  stress  relaxation  (BSR)  method  of  Morscher  and  DiCarlo.[2i] 

EXPERIMENTAL 

Processing 

Carbon-rich  fibers  and  near-stoichiometric  SiC-based  fibers  were  fabricated  using  a  high- 
molecular- weight  polycarbosilane  (PCS)  polymer  as  the  primary  ceramic  precursor.  [17-20]  The 
infusible  PCS  polymers  were  prepared  by  pressure  pyrolysis  of  polydimethylsilane.[i8]  Fine- 
diameter  (—10-15  jim)  fibers  were  formed  by  dry  spinning  of  concentrated  PCS-based  polymer 
solutions.  [18]  The  as- spun  polymeric  fibers  were  dried  and  subsequently  given  different  heat 
treatments  depending  on  the  desired  composition.  Carbon-rich  fibers  (designated  ”UF  fibers") 
were  prepared  by  directly  pyrolyzing  the  dried  fibers  at  temperatures  in  the  range  of  — 1000- 
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1200°C  in  a  non-oxidizing  atmosphere  (e.g.,  nitrogen).  Fibers  with  near-stoichiometric 
composition  were  produced  by  carrying  out  controlled  carbothermal  reduction  reactions  at 
elevated  temperatures.  After  drying,  the  spun  polymeric  fibers  were  initially  heat  treated  in  air 
or  oxygen  at  low  temperatures  (-  100-200°C)  to  incorporate  oxygen  into  the  organosilicon 
polymer.  The  fibers  were  then  heat  treated  in  inert  atmosphere  (e.g.,  argon)  to  decompose  the 
oxidized  organosilicon  polymer  to  an  SiC/C/SiQOy  ceramic  (at  <  1200°C)  and  to  subsequently 
effect  the  carbothermal  reduction  reductions  (at  - 1400-1600^)  in  which  excess  carbon  was 
eliminated  from  the  fiber  by  reaction  with  siliceous  phase.  This  resulted  in  near-stoichiometric 
microporous  SiC  fibers  which  were  subsequently  sintered  (at  >  1750°C)  in  inert  atmosphere. 
Boron  additions  (typically  ~  1  wt%)  were  used  as  a  sintering  aid. 

Characterization 

Several  techniques  were  used  to  characterize  fiber  composition,  microstructure,  and 
properties.  Quantitative  bulk  elemental  analyses  were  carried  out  on  individual  fibers  using  an 
electron  microprobe  analyzer,  EMA  (Superprobe  733  Scanning  Electron  Microprobe,  JEOL, 
Tokyo,  Japan)  equipped  with  X-ray  wavelength  dispersive  spectrometers.  High  purity  single- 
crystal  silicon,  CVD  silicon  carbide,  silicon  dioxide,  and  silicon  nitride  (all  from  Geller 
Microanalytical  Laboratory,  Peabody,  MA)  were  used  as  measurement  standards  for  Si,  C,  O, 
and  N  analyses,  respectively.  Bulk  oxygen  concentrations  were  also  determined  by  neutron 
activation  analysis,  NAA,  (Nicolet  Electron  Services,  San  Diego,  CA).  NAA  was  also  used  to 
determine  bulk  boron  concentrations  (University  of  Missouri  Research  Reactor,  Columbia,  MO). 
Compositional  analyses  of  the  near-surface  region  of  individual  fibers  was  carried  out  using  a 
scanning  Auger  microprobe,  SAM  (model  PHI  660,  Perkin  Elmer  Corp.,  Eden  Prairie,  MN). 

SEM  (Model  JSM-6400,  JEOL)  and  TEM  (Models  200CX  and  4000FX,  JEOL)  were 
used  to  characterize  the  fiber  microstructural  features,  including  the  external  surface 
morphology,  phases  present,  grain  sizes,  porosity,  and  flaw  sizes  determined  from  the  fracture 
surfaces  of  individual  fibers  collected  after  tensile  tests.  The  constituent  phases  of  the  fibers 
were  identified  using  electron  diffraction,  high  resolution  TEM,  and  X-ray  diffraction,  XRD 
(Model  APD  3720,  Philips  Electronics  Instrument  Co.,  Mt.  Vernon,  NY). 
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Fiber  apparent  densities  were  determined  at  23°C  by  a  sink-float  method  (ASTM 
procedure  D3800-79).[22]  The  liquids  used  were  methylene  iodide  (CH2I2,  density  -3.3  g/mL) 
and  carbon  tetrachloride  (CCI4,  density  — 1.6  g/mL). 

Fiber  tensile  strengths  were  determined  at  room  temperature  according  to  ASTM 
procedure  D3379.[23]  Individual  fibers  were  glued  to  paper  tabs  and  loaded  in  tension  (0.5 
mm/min  cross-heaa  speed)  until  failure  using  a  mechanical  testing  apparatus  (Model  1122, 
Instron  Corp.  Canton  MA).  The  gage  length  was  25  mm.  Fiber  diameters  were  determined 
prior  to  testing  using  an  optical  microscope  equipped  with  a  micrometer  in  the  eyepiece. 

The  creep  behavior  of  fibers  was  assessed  using  the  bend  stress  relaxation  (BSR)  method 
of  Morscher  and  DiCarlo.[2i]  In  this  method,  stress  relaxation  values  (designated  as  "M" 
values)  are  determined  based  on  the  extent  of  permanent  deformation  that  occurs  when  fibers 
are  heat  treated  under  an  applied  bending  load.  An  M  value  which  approaches  1  indicates  that 
no  permanent  (creep)  deformation  occurred  during  the  high  temperature  annealing,  while  an  M 
value  of  0  indicates  that  the  stress  completely  relaxed.  Hence,  fibers  are  considered  more 
thermally  stable  against  creep  as  the  M  values  increase  from  0  to  1.  The  BSR  tests  were  carried 
out  using  heat  treatments  at  temperatures  in  the  range  of  1100-1850°C  for  1  h  in  an  argon 
atmosphere. 


RESULTS  AND  DISCUSSION 

As-Fabricated  Fibers 

Fibers  with  Carbon-Rich  Compositions 

The  normalized  Si/C  weight  ratios  for  the  as-pyrolyzed  (<  1200°C)  UF  fibers  were  in 
the  range  of  -59-62  wt%  Si/38-41  wt%  C,  with  an  average  ratio  (determined  from  8  samples) 
of  —60.5  wt%  Si/  —  39.5  wt%  C.  Hence,  these  fibers  were  highly  carbon-rich  compared  to 
stoichiometric  SiC  (-70  wt%  Si/  -  30  wt%  C).  Some  oxygen  impurity  was  incorporated  in  the 
fiber  during  the  various  stages  of  processing, [18]  but  the  concentrations  for  the  fibers  used  in  this 
study  were  limited  to  -0.5-1.0  wt%.  Some  of  the  fibers  were  also  doped  with  small  amounts 
of  boron  (<  1  wt%).  The  phases  present  in  the  UF  fibers  were  /3-SiC  and  XRD-amorphous 
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•on.  TEM  and  XRD  line-broadening  measurements  indicated  that  the  /3-Si C  crystallite  sizes 
S  <  5  nm.  Sink-float  measurements  showed  that  the  fiber  apparent  densities  were  in  the 
■ '  •  of  —  2. 5-2.7  g/cm3.  The  relatively  low  densities  are  consistent  with  the  presence  of  excess 
on  in  the  fibers  and  the  weakly  crystalline  nature  of  the  SiC  grains.  (In  contrast,  well- 
.ystallized,  high-purity  SiC  has  a  density  of  -3.21  g/cm3.) 

Figure  1  shows  histogram  plots  of  the  average  room  temperature  tensile  strengths  and 
average  diameters  obtained  from  43  separate  sets  of  the  UF  fibers.  (In  most  cases,  ^  15  fibers 
were  tested  for  each  set.)  The  mean  tensile  strength  was  3.23  GPa  (468  ksi).  The  mean 
diameter  for  these  test  sets  was  12.6  ^m. 

Figure  2  shows  a  plot  of  the  fiber  tensile  strength  vs.  the  flaw  size  measured  from  the 
fracture  surfaces  of  tested  UF  fibers.  Although  there  is  considerable  scatter  in  the  data,  high- 
strength  fibers  (e.g.,  -3  GPa)  typically  have  flaws  in  the  range  of  -0.2-0.3  pm.  This 
corresponds  closely  to  the  smallest  pore  sizes  of  the  filters  (nominal  sizes  were  0. 1-0.2  pm)  that 
were  used  to  prepare  the  spinning  solutions  for  fiber  fabrication.  In  previous  work  [18],  it  was 
observed  that  fibers  had  lower  average  tensile  strength  when  the  spinning  solutions  were 
prepared  using  filters  with  coarser  pore  sizes.  Hence,  it  is  suggested  that  the  tensile  strength 
of  the  UF  fibers  is  controlled  primarily  by  processing-related  particulates  (i.e.,  impurity 
particles,  polymer  "microgel"  particles,  etc.)  that  remain  in  the  spin  dope  after  filtration. 

Fibers  with  Near-Stoichiometric  Composition 

The  normalized  Si/C  weight  ratios  for  the  as-sintered,  near-stoichiometric  UF-HM  fibers 
were  mostly  in  the  range  of  -67-70  wt%  Si/30-33  wt%  C,  with  an  average  composition 
(determined  from  >25  samples)  of  —68.5  wt%  Si/  — 31.5  wt%  C.  This  indicates  that  the  fibers 
typically  contained  a  small  amount  of  excess  carbon.  Residual  carbon  was  not  detected  by  a 
standard  X-ray  powder  diffraction  method,  but  was  observed  by  TEM.  HRTEM  analysis 
showed  the  stacked  hexagonal  structural  units  with  interplanar  spacing  of  0.34  nm  that  are 
associated  with  graphitic  carbon.  X-ray  and  electron  diffraction  analyses  showed  that  /3-SiC  was 
the  primary  phase  in  the  UF-HM  fibers,  although  traces  of  the  alpha  phase  were  present  in  some 
fibers  (based  on  electron  diffraction  results).  EM  A  analysis  for  oxygen  and  nitrogen  showed  that 
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concentrations  were  less  than  the  resolution  limit  for  the  technique  (typically  <0.2  wt%).  The 
boron  concentrations  were  usually  on  the  order  of  1  wt%,  although  it  was  possible  to  prepare 
fibers  with  range  of  boron  concentrations  (i.e.,  -0.1  -  3.0  wt%). 

The  apparent  densities  of  the  UF-HM  fibers  were  usually  in  the  range  of  3. 1-3.2  g/cm3, 
with  an  average  value  of  -  3. 15  g/cm3.  The  average  density  is  lower  than  the  theoretical  value 
(of  3.21  g/cm3)  for  fully  dense  (pore-free),  stoichiometric  SiC.  Tins  is  attributed,  in  part,  to  the 
small  amount  of  residual  carbon  in  the  fibers.  In  addition,  TEM  showed  that  a  small  amount 
of  fine  pores  (usually  less  than  0. 1  /xm)  was  present  at  some  grain  junctions. 

Figure  3  shows  histogram  plots  of  the  average  room  temperature  tensile  strengths  and 
average  diameters  obtained  for  150  separate  sets  of  as-sintered  UF-HM  fibers.  (In  most  cases, 
>  15  fibers  were  tested  for  each  set.)  The  mean  tensile  strength  was  2.85  GPa  (413  ksi).  The 
mean  diameter  for  these  test  sets  was  12.1  /xm.  A  detailed  fractographic  analysis  was  not 
carried  out  for  the  UF-HM  fibers,  but  it  is  believed  that  the  tensile  strengths  were  controlled 
mostly  by  larger  grains  at  the  fiber  surface.  Although  most  of  the  grains  were  generally  in  the 
range  of  -0.05  -  0.3  /xm,  grains  as  large  as  ~0.5-1.0/xm  were  observed  occasionally  (see  Fig. 
4). 

Effect  of  Heat  Treatments  on  Fiber  Tensile  Strength  and  BSR  Creep  Resistance 
Fibers  with  Carbon-Rich  Compositions 

Figure  5  shows  room  temperature  tensile  strengths  for  UF  fibers  after  heat  treatments  in 
argon  for  1  h  at  temperatures  in  the  range  of  1500-1900°C.  There  was  no  loss  in  strength  with 
heat  treatments  up  to  1700°C  and  then  the  strength  decreased  rapidly  with  further  heat  treatments 
up  to  1900°C.  Fig.  5  also  shows  that  the  UF  fibers  have  greater  retention  of  their  original 
strengths  after  high  temperature  (e.g.,  ^  1600°C)  heat  treatments  in  argon  compared  to  the 
strength  retention  reported  for  carbon-rich  Hi-Nicalon™  fibers. [io,n,24] 

For  Hi-Nicalon™  fibers,  strength  decreases  upon  heat  treatment  in  inert  atmospheres  have 
been  attributed  to  a  combination  of  coarsening  of  SiC  grains  and  flaw  formation  resulting  from 
thermochemical  degradation  reactions. [24]  SEM  observations  of  the  fracture  surfaces  of  the  UF 
fibers  heat  treated  at  1700°C  and  1900°C  did  not  reveal  any  obvious  differences  in  the  flaw 


6 


populations.  TEM  observations  (Figure  6)  did  show  that  the  SiC  grains  coarsened  with 
increasing  heat  treatment  temperature.  However,  even  after  heat  treatment  at  1900°C  for  1  h 
in  argon,  the  grains  are  still  relatively  small  (e.g.,  compared  to  the  high-strength  UF-HM  fibers 
shown  in  Fig.  4).  Hence,  it  is  unlikely  that  coarser  grains  act  directly  as  strength-controlling 
flaws  responsible  for  the  lower  strength  in  the  1900°C  heat-treated  UF  fibers. 

A  possible  explanation  for  the  rapid  decrease  in  strength  for  the  1900°C  heat-treated  fibers 
is  the  presence  of  residual  tensile  stresses  at  the  fiber  surface.  Residual  tensile  stresses  might 
develop  as  a  result  of  the  mismatch  in  thermal  expansion  coefficients  between  SiC  and  C.  These 
stresses  would  become  larger  as  the  SiC/C  structure  coarsens  during  heat  treatment  at  higher 
temperatures.  Figure  6  shows  that  both  the  0-SiC  grains  and  the  carbon  regions  grow  to  larger 
size  with  increasing  heat  treatment  temperature.  It  is  also  known  that  the  carbon-rich  regions 
in  PCS-derived  SiC  fibers  become  more  highly  ordered  (i.e. ,  more  graphitic)  as  fibers  are  heat 
treated  above  the  original  fabrication  temperature.  [24,251  This  is  significant  because  graphite  has 
a  very  large  difference  in  the  thermal  expansion  coefficients  for  the  directions  parallel  and 
normal  to  the  hexagonal  basal  planes  and,  hence,  higher  thermal  expansion  mismatch  stresses 
might  be  expected. 

It  is  not  understood  why  the  UF  fibers  show  improved  strength  retention  upon  heat 
treatment  in  argon  compared  to  the  Hi-Nicalon™  fibers.  The  fibers  have  similar  chemical  and 
phase  compositions  and  similar  grain  sizes.  The  differences  in  strength  retention  could  be  due 
to  minor  differences  in  impurities  in  the  fibers.  For  example,  it  has  been  observed  that  strength 
retention  is  highly  sensitive  to  low  levels  of  oxygen  impurities. [8,18]  In  addition,  the  purity  of 
the  atmosphere  and  the  presence  of  contaminants  during  the  heat  treatments  of  the  fibers  can 
have  a  significant  effect  on  the  strength  retention  of  these  fibers.  (For  example,  oxygen 
impurities  in  an  otherwise  inert  heat  treatment  atmosphere  have  been  observed  to  cause 
significant  decreases  in  the  fiber  strength.) 

Figure  7  shows  plots  of  the  bend  stress  relaxation  ratios,  M,  as  a  function  of  the  heat 
treatment  temperature  for  as-pyrolyzed  (1200°C)  UF  fibers  and  for  UF  fibers  which  were  given 
heat  treatments  for  1  h  (in  argon)  at  1700°C  and  1900°C.  Heat  treatment  of  the  UF  fibers  results 
in  improved  BSR  creep  resistance.  This  is  consistent  with  reports  from  other  researchers  that 
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Hi-Nicalon™  and  Hi-Nicalon™  Type  S  fibers  become  more  creep-resistant  after  annealing  heat 
treatments  above  the  original  processing  temperature.  [12,26]  This  may  be  attributed  to  the 
increased  grain  sizes  and/or  the  more  highly  crystallized  graphitic  carbon.  Both  microstructural 
changes  are  expected  to  inhibit  diffusion-controlled  creep  processes. 

Figure  7  also  shows  the  BSR  data  that  has  been  reported  [12,27-29]  for  Hi-Nicalon™  and 
Hi-Nicalon™  Type  S  fibers.  The  Hi-Nicalon™  fibers  have  somewhat  higher  M  values  (for  a 
given  BSR  test  temperature)  compared  to  the  as-prepared  UF  fibers.  This  is  attributed  to  a 
slightly  higher  initial  processing  temperature  for  the  Hi-Nicalon™  fibers  which,  in  turn,  results 
in  slightly  coarser  microstructures  (including  larger  SiC  crystallite  sizes).  The  Hi-Nicalon™ 
Type  S  fiber  have  significantly  higher  M  values  (for  a  given  BSR  test  temperature)  compared 
to  the  Hi-Nicalon™  fibers  and  the  as-pyrolyzed  UF  fibers.  This  is  attributed  to  the  much  larger 
grain  sizes  of  the  Hi-Nicalon™  Type  S  fiber. [12] 

The  1700°C  heat-treated  UF  fibers  not  only  show  greatly  improved  creep  resistance,  but 
also  retain  high  tensile  strength.  The  creep  resistance  of  these  fibers  (based  on  the  BSR  test 
results)  is  comparable  to  or  better  than  the  Hi-Nicalon™  Type  S  fibers.  This  occurs  despite  the 
fact  that  the  grain  sizes  are  much  larger  for  the  latter  fibers. [12]  This  observations  again 
indicates  that  diffusion  is  inhibited  in  SiC-based  fibers  with  larger  amounts  of  excess  carbon. 
This  manifests  itself  not  only  in  the  slower  coarsening  of  SiC  grains  upon  heat  treatment  (as 
indicated  by  comparing  the  grain  sizes  in  Figs.  4  and  6  for  carbon-rich  and  near-stoichiometric 
fibers),  but  also  in  the  improved  creep  resistance  of  the  fibers. 

As-pyrolyzed  UF  fibers  and  UF  fibers  heat  treated  in  argon  at  1650°C  were  subsequently 
given  heat  treatments  in  air  for  1  h  at  temperatures  in  the  range  of  500-1 150°C.  Figure  8  shows 
the  room  temperature  tensile  strengths  for  these  fibers  after  the  air  heat  treatments.  The 
decreases  in  strength  are  attributed  to  the  formation  of  porosity  (and  possibly  other  flaws) 
resulting  from  the  oxidative  combustion  of  the  carbon  phase  in  the  fibers.  As  noted  from  Fig. 
6,  the  SiC/C  fiber  microstructure  coarsens  significantly  during  the  argon  annealing  heat 
treatment.  The  coarser  microstructure  in  the  1650°C  fibers  evidently  allows  oxygen  to  react  with 
the  carbon  phase  more  readily.  The  fiber  strength  begins  to  decrease  in  the  range  of  only  500- 
600°C,  i.e.,  at  similar  temperatures  for  which  significant  reaction  occurs  when  bulk  carbon  is 
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heat  treated  to  air.  Figure  8  also  shows  that  the  tensile  strengths  for  the  1650°C  fibers  level  off 
after  the  900°C  air  heat  treatment.  It  is  presumed  that  this  correlates  with  the  removal  of  most 
of  the  excess  carbon  from  the  fiber.  In  contrast  to  these  results,  the  oxidative  removal  of  carbon 
from  the  as-pyrolyzed  UF  fibers  occurs  at  considerably  higher  temperatures.  Strength  decreases 
are  not  observed  until  the  air  heat  treatment  temperature  is  greater  than  ~950°C.  This  is 
attributed  to  the  development  of  a  thin  siliceous  surface  layers  during  air  heat  treatment  which 
would  inhibit  oxidative  removal  of  the  carbon  at  the  lower  temperatures. 

Fibers  with  Near-Stoichiometric  Composition 

Figure  9  shows  a  direct  comparison  of  the  room  temperature  tensile  strengths  for  the 
carbon-rich  UF  fibers  and  the  near-stoichiometric  UF-HM  fibers  after  heat  treatments  in  argon 
for  1  h  at  temperatures  in  the  range  of  1400-1950°C.  The  UF-HM  fibers  retained  most  of  their 
original  strength  through  heat  treatments  up  to  1800°C  and  then  the  strength  gradually  decreased 
with  heat  treatments  at  higher  temperatures  (up  to  1950°C).  As  noted  earlier,  the  UF  fibers 
show  a  relatively  rapid  decrease  in  the  tensile  strength  after  heat  treatments  above  1700°C. 

The  strength-controlling  flaws  for  the  as-sintered  UF-HM  fibers  are  believed  to  be  larger 
grains  at  the  fiber  surfaces.  Hence,  the  gradual  decrease  in  tensile  strength  for  the  UF-HM 
fibers  after  heat  treatment  in  argon  at  higher  temperatures  is  attributed  to  grain  growth. 
Although  quantitative  measurements  have  not  been  made,  TEM  observations  did  show  that  larger 
grains  were  more  prevalent  in  the  1950°C  heat-treated  fibers  compared  to  the  as-sintered  fibers. 

The  near-stoichiometric  UF-HM  fibers  retained  most  of  their  initial  strength  to  higher 
temperature  than  the  carbon-rich  UF  fibers  despite  the  considerably  larger  grain  sizes  of  the 
former  fibers.  Hence,  the  relatively  rapid  decrease  in  strength  in  UF  fibers  heat  treated  above 
1700°C  cannot  be  attributed  to  larger  grains  acting  directly  as  strength-controlling  flaws.  As 
noted  earlier,  it  is  instead  believed  that  the  strength  decay  results  from  larger  residual  stresses 
arising  from  the  mismatch  in  the  SiC/C  thermal  expansion  coefficients. 

The  UF-HM  fibers  show  even  better  strength  retention  when  heat  treated  in  nitrogen- 
containing  atmosphere  instead  of  argon.  The  as-fabricated  tensile  strengths  were  retained  after 
heat  treatments  up  to  —  1950°C.  The  reason  for  this  behavior  is  unclear,  but  it  is  believed  to 
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be  associated  with  the  formation  of  a  thin  BN  layer  (—0. 1-0.2  ptm)  on  the  fiber  surface.  The 
BN  forms  in-situ  (i.e.,  during  heat  treatment)  by  the  reaction  of  boron  that  is  initially  present 
in  the  fiber  (as  a  sintering  aid)  and  nitrogen  in  the  annealing  atmosphere.  [30]  The  improved 
strength  retention  is  believed  to  result  from  restricting  the  flaw  size  at  the  fiber  surface  to  the 
approximate  thickness  of  the  BN  layer. 

Figure  10  shows  BSR  data  for  the  as-sintered  and  nitrogen-annealed  UF-HM  fibers. 
Annealing  results  in  significant  improvements  in  creep  resistance.  In  fact,  the  annealed  fibers 
show  comparable  BSR  behavior  to  that  reported  [27-29]  for  much  weaker,  coarse-grained 
Carborundum  fibers.  (The  latter  fibers  were  prepared  by  sintering  of  SiC  powders  and  have 
considerably  larger  grain  sizes,  larger  diameters,  and  rougher  surfaces  compared  to  typical 
polymer-derived  SiC  fibers. [31]  The  coarser  grain  sizes  results  in  fibers  which  have  excellent 
creep  resistance,  but  relatively  low  tensile  strength.)  The  improved  creep  resistance  of  the  UF- 
HM  fibers  after  the  annealing  treatment  is  attributed,  at  least  in  part,  to  increased  grain  sizes. 
It  is  also  possible  that  boron  removal  from  the  bulk  of  the  fiber  (i.e.,  due  to  migration  to  the 
fiber  surface)  decreases  SiC  self-diffusion  coefficients  and  thereby  decreases  the  creep  rate. 

Takeda  et  al.[i2]  reported  that  annealing  heat  treatments  improved  the  creep  resistance 
of  Hi-Nicalon™  Type  S  fibers.  However,  these  fibers  did  not  retain  tensile  strengths  as  high 
as  the  UF-HM  fibers  after  the  annealing  heat  treatments.  This  is  illustrated  in  Fig.  11  which 
shows  plots  of  tensile  strengths  vs.  M  values  for  Hi-Nicalon™  Type  S  and  UF-HM  fibers  which 
were  subjected  to  various  annealing  heat  treatments  prior  to  BSR  tests  at  1400°C  (for  1  h  argon). 
UF-HM  fibers  could  be  prepared  which  had  1400°C  BSR  M  values  of  —0.9,  while  still 
retaining  tensile  strengths  of  -3  GPa.  In  contrast,  1400°C  BSR  M  values  of  only  ~0.6  were 
possible  in  Hi-Nicalon™  Type  S  fibers  which  retained  tensile  strengths  of  —3  GPa. 

Figure  12  shows  the  room  temperature  tensile  strengths  for  as-sintered  UF-HM  fibers 
after  they  were  heat  treated  in  air  for  1  h  at  temperatures  in  the  range  of  400-1250°C.  The 
fibers  show  excellent  strength  retention  under  these  heat  treatment  conditions.  The  curve  drawn 
in  Fig.  12  suggests  that  there  is  a  small  initial  decrease  in  strength  as  the  heat  treatment 
temperature  is  increased  from  500  to  600°C  and  another  small  decrease  in  strength  after  heat 
treatment  at  1250°C.  It  could  be  argued  that  the  differences  in  strength  values  for  various  points 
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*'  in  Fig.  12  are  not  statistically  significant  since  all  the  values  are  within  ±1  standard 
•  on  of  the  average  value.  However,  the  trends  suggested  for  the  curve  drawn  in  Fig.  10 
.  ported  by  other  observations:  (1)  Scanning  auger  microprobe  (SAM)  measurements 
that  heat  treatment  in  air  above  500°C  removes  a  thin  (typically  -  10-20  nm)  carbon-rich 
, ver  from  the  UF-HM  fiber  surfaces.  (It  is  well-known  that  Si  tends  to  evaporate  preferentially 
from  the  surface  of  SiC  during  high  temperature  heat  treatment  in  inert  or  vacuum  atmospheres. 
SAM  measurements  showed  that  the  as-sintered  UF-HM  fibers  have  a  thin  carbon  layer  on  the 
surface.)  The  oxidative  elimination  of  the  carbon  surface  layer  may  lead  to  increased 
concentration  and/or  size  of  surface  flaws.  (2)  The  fibers  are  expected  to  develop  thicker  silica 
surface  layers  as  the  oxidation  temperature  increases.  After  the  1250°C  heat  treatment  in  air, 
it  was  evident  that  the  individual  fibers  were  beginning  to  stick  together  (i.e.,  presumably  due 
to  viscous  flow  of  the  silica  surface  layers).  It  is  likely  that  surface  damage  was  introduced 
when  these  fibers  were  separated  for  the  tensile  tests. 

CONCLUSIONS 

Carbon-rich  and  near-stoichiometric  SiC  fibers  with  fine-diameter  (  —  10-15  /im)  and  high 
tensile  strength  (-3  GPa)  were  prepared  by  dry  spinning  of  polycarbosilane-based  polymer 
solutions.  The  effects  of  heat  treatments  in  oxidizing  and  non-oxidizing  atmospheres  on  the 
thermomechanical  properties  of  carbon-rich  and  near-stoichiometric  SiC  fibers  were  investigated. 

The  carbon-rich  UF  fibers  showed  excellent  strength  retention  after  heat  treatments  in 
argon  (1  hr)  up  to  1700°C  and  then  showed  relatively  sharp  decreases  in  strength.  The  strength 
decrease  at  higher  temperatures  was  attributed  to  increasing  residual  stresses  arising  from 
mismatches  in  the  thermal  expansion  coefficients  in  the  SiC/C  fibers.  The  near-stoichiometric 
UF-HM  fibers  showed  excellent  strength  retention  after  heat  treatments  in  argon  (1  h)  up  to 
1800°C  and  then  showed  a  relatively  gradual  decrease  in  strength.  The  strength  decrease  was 
attributed  to  increased  grain  sizes  as  a  result  of  grain  growth.  The  near-stoichiometric  fibers 
were  able  to  retain  their  initial  tensile  strengths  to  even  higher  temperature  (1950°C)  when  heat 
treatments  were  carried  in  nitrogen.  This  observation  was  associated  with  the  formation  of  a 
thin  BN  layer  (-0.1 -0.2  pm)  at  the  fiber  surface  which  was  believed  to  restrict  the  size  of  the 
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strength-degrading  flaws  at  the  fiber  surface. 

The  as-prepared  carbon-rich  UF  fibers  showed  significant  improvements  in  creep 
resistance  (as  assessed  by  the  bend  stress  relaxation,  BSR,  method)  when  heat  treated  at  elevated 
temperatures  in  argon.  This  was  attributed  to  the  increased  grain  sizes  and  possibly  more  highly 
crystallized  graphitic  carbon.  Despite  finer  SiC  grain  sizes,  the  carbon-rich  UF  fibers  heat 
treated  at  1700°C  in  argon  showed  creep  resistance  (based  on  the  BSR  test  results)  which  was 
comparable  to  or  better  than  that  observed  for  the  as-prepared  near-stoichiometric  fibers  (both 
UF-HM  fibers  and  Hi-Nicalon™  Type  S  fibers).  This  result  indicated  that  diffusion  is  inhibited 
in  SiC-based  fibers  which  contain  larger  amounts  of  excess  carbon.  The  BSR  creep  resistance 
of  the  near-stoichiometric  UF-HM  fibers  was  also  enhanced  significantly  by  annealing  heat 
treatments  in  nitrogen.  This  was  attributed  to  increased  grain  size  and  reduced  boron 
concentration  within  the  bulk  fiber. 

UF-HM  fibers  showed  excellent  strength  retention  after  heat  treatment  in  air  (1  h)  at 
temperatures  in  the  range  of  400-1 150°C.  Interfilament  adhesion  occurred  when  the  fiber 
bundles  were  heat  treated  at  1250°C,  presumably  due  to  viscous  flow  of  siliceous  material  that 
had  formed  at  the  fiber  surface.  Strengths  decreased  after  heat  treatments  in  air  at  much  lower 
temperatures  for  the  carbon-rich  UF  fibers  compared  to  the  near-stoichiometric  UF-HM  fibers. 
This  was  attributed  to  formation  of  porosity  (and  possibly  other  flaws)  when  carbon  was 
oxidatively  eliminated  from  the  UF  fibers.  The  strength  decreases  in  the  carbon-rich  fibers 
occurred  at  substantially  lower  temperature  for  the  1650°C  argon  heat-treated  fibers  compared 
to  the  as-pyrolyzed  fibers.  This  was  attributed  to  an  enhanced  oxidative  attack  of  the  carbon  due 
to  the  considerably  coarser  SiC/C  microstructure  of  the  1650°C  fibers. 
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Histogram  plots  of  frequency  vs.  average  tensile  strength  and  frequency  vs. 
average  diameter  for  43  sets  of  carbon-rich  UF  fibers. 

Plot  of  tensile  strength  vs.  flaw  size  for  individually  tested  UF  fibers. 

Histogram  plots  of  frequency  vs.  average  tensile  strength  and  frequency  vs. 
average  diameter  for  150  sets  of  near-stoichiometric  UF-HM  fibers. 

TEM  micrographs  showing  the  grains  in  a  near-stoichiometric  UF-HM  fiber. 

Plot  of  average  tensile  strength  vs.  heat  treatment  temperature  (in  argon  for  1  h) 
for  carbon-rich  UF  fibers.  Data  reported  by  other  researchers  for  Hi-Nicalon™ 
fibers  are  also  shown. 

TEM  micrographs  for  as-pyrolyzed  carbon-rich  UF  fibers  (1200°C)  and  for  UF 
fibers  heat  treated  in  argon  for  1  h  at  1700°C  and  1900°C. 

Plots  of  stress  relaxation  ratio,  M,  vs.  heat  treatment  temperature  for  as- 
pyrolyzed  carbon-rich  UF  fibers  (1200°C),  argon  heat-treated  (1700°C  and 
1900°C)  UF  fibers,  Hi-Nicalon™  fibers,  and  Hi-Nicalon™  Type  S  fibers. 

Plots  of  average  tensile  strength  vs.  heat  treatment  temperature  (in  air  for  1  h)  for 
as-pyrolyzed  carbon-rich  UF  fibers  and  for  argon  heat-treated  (1650°C)  UF  fibers. 

Plots  of  average  tensile  strength  vs.  heat  treatment  temperature  (in  argon  for  1  h) 
for  carbon-rich  UF  fibers  and  near-stoichiometric  UF-HM  fibers. 

Plots  of  stress  relaxation  ratio,  M,  vs.  heat  treatment  temperature  for  as-sintered 
near-stoichiometric  UF-HM  fibers,  heat-treated  UF-HM  fibers,  and  Carborundum 
fibers. 

Plots  of  tensile  strength  vs.  stress  relaxation  ratio,  M,  for  near-stoichiometric  UF- 
HM  fibers  and  Hi-Nicalon  Type  S  fibers  which  were  given  varying  annealing 
treatments  in  order  to  alter  the  M  values.  The  BSR  tests  were  carried  out  at 
1400°C. 

Plot  of  average  tensile  strength  vs.  heat  treatment  temperature  (in  air  for  1  h)  for 
near-stoichiometric  UF-HM  fibers. 
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Figure  9 
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STRESS  RELAXATION  RATIO, 


Figure  11 
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